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Chapter 1 Introduction 
This dissertation primarily focuses on two aspects, firstly the complex phase formation 
in multicomponent high entropy alloys comprising of elements that exhibit strong 
chemical reactions (positive and negative mixing enthalpy). Secondly, the deformation 
behaviors of high entropy alloys having a single phase face-centered cubic crystal 
structure, which also bare two names (multicomponent concentrated solid solution 
alloys and structurally complex alloys). The phase stability of metallic alloys is a 
decade-old problem and was early explored by Home-Rothery [1-4], exploration on this 
topic lead to many advances and one of them is the stimulation on the development of 
solid state physics [5]. The Home-Rothery rules for metallic alloys are still widely used 
today and are summarized as follows [6]: 
(1) If a solute differs in its atomic size by more than about 15% from the host, then 
it is likely to have a low solubility in that metal. The size factor is said to be 
unfavorable. 
(2) If a solute has a large difference in electronegativity (or electropositivity) when 
compared with the host, then it is more likely to form a compound. Its solubility 
in the host would therefore be limited. 
(3) A metal with a lower valency is more likely to dissolve in one which has a 
higher valency, and vice versa. 
The classic Hume-Rothery rules point out the formation of single phase substitutional 
solid solution phase, the properties of constituent elements need share similarities; they 
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need to have similar atomic size and also similar electronegativity. However, it appears 
that in high entropy alloys, the Hume-Rothery rules may not be applicable. For example, 
the Co (HCP), Cr (BCC), Fe (BCC), Ni (FCC), Mn (BCC) can form a single phase with 
a face-centered cubic (FCC) structure [7], the resulting FCC crystal structure by mixing 
so many elements clearly deviate from their original crystal structure. The remarkable 
solubility in the single phase high entropy alloys is hypothesized by high configuration 
entropy which help to reduce the total Gibbs free energy. The high configuration 
entropy is supposed to compete with enthalpy term and thereby stabilize a solid solution 
phase by suppression of intermetallic compound formation. This “high entropy” effect 
stimulates the creation of a new alloy design concept. Despite much effort has been put 
into exploration of such single phase high entropy alloys, only a number of systems are 
found to form a single phase. The benefit of the new alloy design strategy is enormous, 
the conventional alloy design only picks up a principle element and adds alloying 
elements to tune the desired properties, while the “high entropy” concept enable us to 
explore alloys with a wide range of compositions rather than focus on corner and edge 
of a phase diagram.  
Prediction of phase formation (for example, by Calphad) in a multicomponent 
system is computationally intensive and require experimental thermodynamic data, the 
complexity arise with increasing number of elements and development of a complete 
thermodynamic database with 10 or more elements for high entropy alloy design is 
extremely challenging [8]. More importantly, effort has to be made to obtain the 
3 
 
equilibrium phase because of low diffusivity in the multicomponent systems. To 
understand phase formation rules for high entropy alloys which contain elements having 
strong electronegativity and electropositivity, as well as having large atomic size, we 
have investigated the phase constitution of a CoCrCuFeNiAlx alloys made by 
melt-spinning with different cooling rates and also with different Al concentrations 
(Chapter 2 and Chapter 3). 
In Chapter 4 to Chapter 6, deformation behaviors of single phase high entropy 
alloys with FCC crystal structure are investigated. The FCC-based high entropy alloys 
exhibit many interesting properties, these include: superior fracture toughness [9], high 
strain hardening capability [10], severe lattice distortion [11], sluggish diffusion [12], 
large solid solution strengthening [13]. An interesting feature for these FCC high 
entropy alloys is the development of large amount of nano-twins deformed at cryogenic 
temperature, which account for incredibly high fracture toughness by enhanced strain 
hardening. Ab initio calculations suggest that the observed nano-twins at cryogenic 
temperature are associated with temperature dependent stacking fault energy (SFE) [14]. 
The low SFE is coupled with increased Peierls-Nabarro stress with decreasing 
temperature, which appears to be stronger than in pure FCC metals but weaker than in 
BCC metals [15]. Although these arguments all point to the fact that a low SFE is 
expected for these high entropy alloys, no direct experimental evidence on estimation of 
SFE has been shown so far. In the meantime, the detailed deformation behaviors are 
poorly known. In this sense, Chapter 4 covers the investigation of the dislocation 
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structures and estimation of SFE, while Chapter 5 deals with microstructure effect 
(Grain size, heat treatment history, etc.) on deformation behaviors, in the Chapter 6, the 
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Chapter 2 Nano-scale phase separation in a 




We report nano-scale phase separation in a nominal single-phase high entropy alloy, 
which was characterized using scanning transmission electron microscopy (STEM) 
combined with atom probe tomography (APT). Despite the fact that X-ray diffraction 
exhibits a single face-centered-cubic (FCC) phase feature of the as-cast alloy prepared 
by melting spinning, selected area electron diffraction reveals weak L12 ordering in the 
as-spun alloy. High resolution STEM shows the presence of two coherent nanophases 
with distinct L12 and FCC structures, coupling with composition segregations. The 
ordering of the L12 domains is enhanced by annealing at 500ºC. Chemical analyses by 
electron energy loss spectroscopy and APT reveal that the L12 nano-phase is enriched 
with Fe, Co, Cr and Ni while the FCC domains are a Cu-rich phase. The nano-scale 
phase separation can effectively minimize the lattice distortions caused by the size 
difference of the constituent elements, which may offer structural insights into the 






High entropy alloys (HEAs), or equiatomic alloys, with at least five principal 
elements and near equiatomic compositions have recently received increasing interest 
because of promising mechanical properties from unique stoichiometry of multiple 
components. The constituent elements with different atomic sizes are expected to cause 
lattice distortions and lead to high resistance for dislocation motion, and the large 
mixing entropy may also benefit the phase stabilization at high temperature for potential 
applications as high-temperature alloys [1]. Several single-phase HEAs have been 
reported in the literature, including face-centered cubic (FCC) CrCoFeMnNi [2] and 
CoCrFeNiAl0.1 [3] as well as body-centered cubic (BCC) NbMoTaW [4] , NbMoTaVW 
[5], NbTiMoVAl0.5 [6] and HfNbTaTiZr [7] refractory alloys. The addition of 
non-equiatomic Al has been found to benefit the strength and oxidation resistance of 
HEAs [8] but often leads to complex microstructure evolution. For example, with the 
increase of Al concentration, the structure of CoCrFeNi based HEAs experiences 
complicated evolution from a single FCC phase to duplex FCC plus BCC and, then, a 
single BCC phase [9]. In many cases, the solubility limit in single-phase compositions is 
not well characterized and determined. 
Mechanical behavior of high entropy alloys has been extensively investigated at 
various temperatures and loading conditions. In situ tensile deformation of a single FCC 
CoCrFeCuNi alloy suggests that the multi-component HEA behaves like a simple FCC 
metal and the plastic deformation is carried by the motion of mixed dislocations [10]. 
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Nieh et al [11] suggested that vacancy migration in HEAs does not like the 
atom-vacancy exchange in the traditional alloys but involves cooperative motions of 
several atoms, implying high creep resistance at high temperatures. Egami et al [12] 
studied lattice distortions in a bcc solid solution using X-ray and neutron scattering 
techniques and found the measured PDFs diﬀer from the calculations, particularly in the 
peak shape of the ﬁrst two peaks, indicating local lattice distortion due to diﬀerent 
atomic sizes in the solid solution. However, the direct evidence on the lattice distortions 
in real-space images is still missing. George et al reported the influences of temperature 
and microstructure on the tensile properties of a CoCrFeMnNi HEA and found the yield 
strength increases with decreasing temperatures [13]. However, single-phase FCC 
HEAs often have very lower yield strengthes, which cannot be explained by traditional 
solid solution strengthening and expected lattice distortions. 
Most high entropy alloys reported in the literature are multi-phases rather than 
single phase solid solutions [14]. Phase separations have been often observed in HEAs 
[15] but mainly in BCC based alloys, for example, in AlCoCrCuFeNi [16] and 
AlCoCrFeNi [17]. The secondary phases in these HEAs often have a size larger than 
tens of nanometers with distinct crystal structures and chemical compositions from their 
matrices. In this study we report atomic-scale characterization of a FCC HEA with a 
nano-scale phase separation caused by chemical segregation and local L12 ordering. The 
separation of the fully coherent nanophases can effectively minimize the lattice 
distortions caused by the size difference of the constituent elements, which may offer 
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structure insights on the unusual mechanical behavior and phase stability of 
single-phase FCC HEAs.  
 
 
2.2 Experimental procedures 
Samples with a nominal composition of CoCrFeCuNiAl0.5 (in atomic proportion) 
were prepared by arc-melting a mixture of the constituent elements with purity better 
than 99.9% in a Ti-guttered high-purity argon atmosphere. Repeated melting was 
carried out at least five times to improve the chemical homogeneity of the alloy. The 
molten alloy was, then, spun off as a continuous ribbon at a speed of 4500rpm. The 
detailed procedure of the sample preparation can be found elsewhere [18]. The as-spun 
alloy was annealed at 500°C for 1 hour in a tube furnace in a mixed protective 
atmosphere of H2 and Ar, followed by slow cooling. 
The thin foils for scanning transmission electron microscopy (STEM) observations 
were prepared by ion milling at the ion energy of ~ 2kV and an incident angle of ±6 
degree. The TEM specimens were cooled by liquid N2 during ion milling. Sharp tip 
specimens for atom probe tomography (APT) were made by electrochemical 
micro-polishing and followed by focused ion beam milling (JIB-4601F, JEOL). The 
finished tip profiles were examined by scanning electron microscopy (SEM) for APT 
reconstruction. The data acquisition was performed by using a local electrode atom 
probe (LEAP 4000HR) equipped with an energy-compensated reflectron by which the 
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mass resolution can be greatly improved. The APT acquisition temperature was set at 
~50k and the pulse frequency and pulse fractions were 200 kHz and 20%, respectively. 
CAMECA Integrated Visualization and Analysis Software (IVAS 3.6.6) package was 
used for the data process and three-dimensional (3D) atomic reconstruction. The STEM 
observations were conducted by a JEOL JEM-2100F TEM equipped with double 
spherical aberration correctors for probe forming and image forming lenses. High angle 
annular dark field (HAADF) STEM images were taken using an annular-type detector 
with a collection angle ranging from 100 to 267 mrad, while bright-ﬁeld (BF) STEM 
images were simultaneously recorded using a STEM BF detector. Chemical analyses 
were carried out by means of electron energy loss spectroscopy (EELS) and 
energy-dispersive X-ray spectroscopy (EDS). EELS and EDS elemental mappings and 




2.3.1 Microstructure of the as-spun and annealed samples 
Figure 1a and b are BF-STEM images of the as-spun and annealed 
CoCrFeCuNiAl0.5 HEA. Both samples have a polycrystalline structure with an average 
grain size ranging from ~100 nm to 1.8 μm. The grain sizes of two samples are quite 
similar except the annealed sample has a much lower density of dislocations, indicating 
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that the annealing at 500°C only leads to the recovery of dislocations but no obvious 
grain growth. Except a small amount of grain boundary phases that have been 
characterized as Cu-rich FCC phase and B2 NiAl, each grain shows a single-phase 
feature with a uniform contrast. X-ray diffraction results (Figure. 1c) also suggest that 
the samples appear to be a monolithic FCC phase. All the diffraction peaks can be 
indexed by a FCC crystal with a lattice constant of 3.597Å. It is worth noting that weak 
side-bands together with fundamental FCC diffraction peaks of (200), (311) and (222) 
can be seen, particularly in the annealed sample, indicating that a certain kind of lattice 
modulations occurs in the alloy.  
Crystallographic structure of the as-spun and annealed samples was further 
investigated by selected area electron diffractions (SAED) along <010>, <011>, <112> 
and <111> zone directions of FCC (Figure 2). The measured lattice constants from both 
samples are ~3.58Å (calibrated using FCC gold standard SAED patterns), slightly 
smaller than that determined by XRD. Besides the standard diffractions from FCC, 
additional diffraction spots and diffuse streaks are identifiable in both samples. The 
weak additional diffractions at superlattice sites can be indexed as L12 ordering. The 
diffuse streaks around the FCC fundamental reflections are most likely from the lattice 
variation caused by chemical fluctuation and nanoscale phase separation [19]. While the 
diffuse spots, as indicated by arrows in Figure 2c-d, are crossovers from strongly 
scattered electrons from Brillouin zone boundaries, which may be associated with 
thermally scattered electrons [20]. The L12 ordering reflections in the as-spun sample 
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(Figure 2a-d), though weak and diffuse, can be clearly seen from all the directions by 
carefully adjusting contrast of the diffraction patterns. After annealing, the diffraction 
spots from L12 ordering, in particular from <112> and <111> directions, become 
stronger and can be easily identified (Figure 2a’-d’).  
2.3.2 EDS mappings and APT characterization 
In ordered to investigate the origins of the L12 ordering in the as-spun and annealed 
samples, we employed EDS and APT to analyze possible chemical inhomogeneity. 
Figure 3 shows EDS elemental mappings of the as-spun (a-f) and annealed (a’-f’) 
samples, from which the nano-scale chemical inhomogeneity of Cu, Fe, Cr and Co can 
be observed whereas the distributions of Ni and Al appear uniform. Apparently, there is 
chemical separation in the “single-phase” HEA as revealed by the presence of two 
distinct domains: one is enriched with Cu and the other with Fe, Cr and Co. The 
annealing seems to have an insignificant effect on the domains sizes and the chemical 
fluctuation, even though the enhanced L12 ordering is observed in the annealed sample.  
Quantitative chemical analysis of the nano-scale chemical segregations was 
conducted using APT. Figure 4 represents the reconstructed 3D chemical mappings of 
the as-spun sample, in which Cu-rich and FeCoCr-rich domains are alternatively 
distributed in the 3D space. The nano-scale chemical inhomogeneity is consistent with 
the EDS measurements. An enlarged domain from the APT mappings more clearly 
shows the nanoscale chemical partitioning with a Cu-rich zone and FeCoCr-rich 
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surroundings (Figure 5). From the zoom-in atomic distributions, it can be seen that Al 
atoms are nearly homogenously distributed while Ni atoms are slightly decreased in the 
Cu-rich region. Further chemical compositional analysis was performed by means of 
proximity histogram (proxigram) calculations from 20 at.% Cu iso-concentration 
surfaces (Figure 6). The Cu-rich domains contain ~63.19 at.% Cu, 3.76 at.% Fe, 2.95 
at.% Cr, 4.80 at.% Co, 13.63 at.% Ni and 11.67 at.% Al, while the Cu-depleted zones 
have ~8.31 at.% Cu, 20.44 at.% Fe, 20.12 at.% Cr, 21.21 at.% Co, 19.62 at.% Ni and 
10.30 at.% Al (Table 1). The reliability of the chemical measurements is verified by the 
consistence in the overall chemical concentrations of the alloy measured by EDS and 
APT (Table 2). 
 
2.3.3 High-resolution STEM characterizations 
Atomic structures of the as-spun and annealed HEA were investigated by 
high-resolution STEM combining with HAADF imaging. In order to investigate the L12 
order observed in the SAED patterns and the correlation between the L12 order and 
chemical separation, we chose <001> and <111> directions for real-space imaging as 
the L12 order is easy to be identified from these directions. The low pass filtered 
HAADF-STEM images of the as-spun and annealed samples are shown in Figure 7 a-d. 
The insets are the corresponding fast Fourier transform (FFT) patterns. In the as-spun 
sample, the L12 domains are difficult to be directly identified from both orientations in 
the HAADF-STEM images (Figure 7a) and very weak contrast at the positions of L12 
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order diffraction can be seen in the FFT pattern. The inverse FFT (IFFT) image by using 
the L12 order diffractions indicates that the L12 order in the as-spun sample only occurs 
in a very short range and is probably in a state of partial ordering. After annealing at 
500ºC for 1 h, the local L12 order becomes obvious in the HAADF-STEM images and 
corresponding FFT patterns from both <001> and <111> directions (Figure 7b and c). 
The zoom-in HAADF images along <001> (Figure 7d) and <111> directions (Figure 
7e) show the atomic columns with periodically strong and weak intensity, corresponding 
to the L12 ordered domains. The weak-contrast columns probably arise from the 
selective partitioning of Al atoms, which has a lower atomic number than the rest of 
constituent elements.  
 To verify the correlation between the chemical segregations and L12 ordering, 
we measured the electron energy loss spectroscopy (EELS) elemental mappings of the 
annealed sample at a high spatial resolution. Figure 8a represents the high-resolution 
annular dark field (ADF) STEM image in which L12 ordered domains can be easily 
identified. A zoom-in L12 domain surrounding by a simple FCC phase (Figure 8b) was 
selected for mapping the element distributions. The high-resolution EELS mappings 
(Figure 8c) demonstrate that the L12 ordered domain is exclusively rich with 
FeCoCr(Ni) while the simple FCC phase is enriched with Cu.  
It is worth noting that obvious lattice distortions can be observed in the 
high-resolution STEM images (Figure7 and 8). However, in the zoom-in atomic images 
(Figure 8b and Figure 7d-e) either Cu-rich FCC domains or L12 ordered domains have 
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nearly perfect crystal lattices with trivial deformation. In contrast, the lattice distortions 
mainly appear in the interface regions between the L12 ordered domains and the 
coherent FCC phase, as shown in the IFFT images (Figure 7 a-b). This could be due to 
the slight lattice mismatch between the FCC and L12 phases. Apparently, the nano-scale 
phase separation shifts the lattice distortion, arising from the atomic size difference 




Phase separation in BCC based AlCoCrFeCuNi HEAs has been investigated before 
[21]. Secondary phases with a BCC based structure, for examples B2 NiAl and CuNiAl, 
have been observed. These precipitates are unstable and experience a series of structure 
changes from BCC Cu-rich phases to FCC, accompanying precipitate coarsening, 
during annealing, which is similar to the precipitation of Cu from Fe-Cu based steels 
[22]. In the present alloy, the addition of ~ 10 at. % Al (about half of the equiatomic 
concentration) can still keep the basic FCC structure of the alloy except a small amount 
of B2 NiAl at grain boundaries. Although the rapid-quenched CoCrFeCuNiAl0.5 HEA 
exhibits a single-phase feature in the XRD patterns and low-magnification TEM images, 
atomic-scale structural and chemical characterizations by Cs-corrected TEM and APT 
reveal a nano-scale phase separation caused by Cu partitioning and local L12 ordering. 
The chemical partitioning in the as-spun sample indicates that the initial stage of phase 
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decomposition occurs during solidification. The phase separation appears to be 
triggered by depletion of Cu from the multicomponent matrix because the formation of 
the simple FCC phase by Cu uphill diffusion is kinetically easier than that of the L12 
phase which requires the rearrangements of multiple elements (Fe, Cr, Co and Ni). This 
deduction is also in line with the thermodynamic driving force arising from the positive 
mixing enthalpy of Cu with the rest constituent elements except Al [23]. Different from 
the conventional precipitation reactions in which the matrixes often remain unchanged, 
the Cu precipitation from the multicomponent matrix not only results in the formation 
of Cu-rich simple FCC phase but also the structure ordering of the multicomponent 
matrix. Probably, the loss of Cu from the multicomponent HEA causes the FCC 
structure of the multicomponent alloy unstable and leads to the L12 ordering. On the 
basis of the atomic structural and chemical analyses, the ordering appears to originate 
from the selective occupation of Al in the multicomponent alloy to form an M3(Al, Fe) 
type L12 phase (M is the mixture of Co, Cr, Ni, Cu and Fe by randomly substituting Ni 
atoms in a typical L12 compound Ni3Al). Because the Al concentration in the L12 
domains is much lower than the stoichiometric one, it is most likely that the Fe atoms 
together with Al occupy the corner sites of the L12 lattices since Fe is probably the only 
element that can occupy both face-center and corner positions. We subsequently carried 
out HAADF imaging simulations to verify the ordering occupation of Al in the L12 
domains using a super-cell with 172 atoms. For comparison, we also simulated the 
HAADF image of Ni3Al. Experimental and simulated HAADF images from the [001] 
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orientation show a similar intensity variation of individual atomic columns (Figure 9 
a-c). To further confirm the L12 order induced HAADF intensity variation, we plotted 
the intensity profiles of the simulated and experimental images along (100) planes as 
marked by two arrowheads. The fair consistence in the intensity profiles (Figure 9d) 
between the simulation and experiment indicates that the formation of L12 ordered 
phase is associated with the selective occupation of Al after Cu precipitating from the 
multicomponent alloy.  
It has been found that the microstructure of AlCoCrFeCuNi HEAs strongly 
depends on the concentration of Al [24]. The quinary CoCrCuFeNi without Al can form 
a single-phase FCC solid solution [25], while equiatomic AlCoCrCuFeNi alloy has a 
BCC based matrix containing complicated precipitates [26]. With the retained FCC 
structure by controlling Al addition, it is expected that Al can cause enhanced lattice 
distortion and hence improve mechanical properties of single-phase FCC HEAs, since 
the radius of Al (0.118nm) is much smaller than those of other constituent elements (Fe: 
0.156nm; Ni: 0.149nm; Co: 0.152nm; Cu: 0.145nm; Cr: 0.166nm). However, our 
atomic scale characterization reveals that the Al addition leads to a nano-scale phase 
separation by forming Cu-rich FCC domains and a FeCrCoNi-rich L12 ordered phase. 
Lattice distortions are mainly from the lattice mismatch between the two coherent 
nano-phases, rather than the atomic size difference in solid solutions. The nano-scale 
phase separation is probably thermodynamically favorable, in comparison with a solid 
solution with large lattice distortions caused by atomic size difference of the constituent 
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elements. The fully coherent phase separation at a small length scale not only affects the 
intrinsic phase stability, but also the mechanical properties of HEAs. For instance, the 
deformation behavior of single phase FCC HEAs has been found to be caused by planar 
slip rather than wavy slip in most pure FCC metals [27], which could be associated with 
the formation of the nano-scale coherent domains with observable interface stains. 
Moreover, the nanoscale coherent phase separation obviously eliminates the lattice 
strains caused by the atomic size difference of the constituent components, which may 
elucidate the loss of solid solution strengthening in single-phase FCC HEAs that often 




By utilizing the state-of-the-art Cs-corrected STEM and APT, we systematically 
investigated the atomic structure of a single-phase FCC HEA which is expected to have 
large lattice distortions. It was found that a nano-scale coherent phase separation took 
place in the alloy, which greatly reduced lattice distortions and enhanced phase stability. 
The main results and findings are summarized as follows: 
(1) Atomic-scale structural and chemical analyses reveal a nano-scale phase separation 
by Cu partitioning and local L12 ordering. Obvious chemical segregations by the 
formation of Cu-rich and FeCoCr(Ni)-rich domains can be observed in the as-spun 
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CoCrFeCuNiAl0.5 HEA, indicating that the initial stage of phase decomposition 
occurs during rapid solidification.  
(2) Annealing at 500°C for 1 hour leads to enhanced L12 ordering in FeCoCr(Ni)-rich 
domains, but no obvious microstructure coarsening can be seen, suggesting the alloy 
with two coherent FCC nanophases has a high thermal stability for potential 
applications at high temperatures. 
(3) Different from the conventional precipitation reactions in which the structure of 
matrixes often remains unchanged, the precipitation of Cu from the multicomponent 
HEA not only results in the formation of Cu-rich simple FCC phase but also 
structure ordering in the multicomponent matrix. The depletion of Cu from the 
multicomponent alloy may cause the structure instability and leads to the L12 
ordering in the multicomponent alloy. 
(4) HAADF-STEM observations demonstrate that the two nano-phases are fully 
coherent with a small lattice mismatch at the interfaces. The atomic structure 
characterization of the L12 phase suggests that the formation of L12 is associated 
with the selective occupation of Al after Cu precipitating from the multicomponent 
matrix.  
(5) The coherent nano-scale phase separation can effectively minimize the lattice 
distortions caused by the size difference of the constituent elements, which may 
offer structure insights on the unusual mechanical behavior and phase stability of 
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Figure 1 BF-STEM images of (a) the as-spun; and (b) annealed samples, showing 
polycrystalline structure with a grain size ranging from ~100 nm to ~1.8 micron. (c) 
X-ray diffraction patterns of the as-spun and annealed samples. All the diffraction peaks 






Figure 2 Selected area electron diffraction patterns of (a-d) the as-spun; and (a’-d’) annealed samples. The electron incidence directions 




Figure 3 EDX elemental mappings of (a-f) the as-spun; and (a’-f’) annealed samples. 





Figure 4 Reconstructed 3D APT chemical mappings of the as-spun sample. The 
chemical inhomogeneity of Cu, Fe, Co and Cr can be seen while the distributions of Ni 











Figure 6 Proximity histogram of concentration proﬁles for the 20 at. % Cu 
iso-concentration surfaces. The average compositions of Cu-rich and FeCoCr-rich 





Figure 7 HAADF-STEM and corresponding inverse FFT images of (a) the as-spun; 
and (b) annealed samples with the electron incidence direction of <001>fcc. The IFFT 
images were acquired by masking {010}L12 reflections in the inset FFT patterns. (c) 
HAADF-STEM image of the annealed sample taken along <111>fcc direction. (d-e) 




Figure 8 (a) ADF image of the annealed sample; and (b) enlarged view of an ordered 
L12 domain in the marked area of (a). (c) EELS elemental mappings of the ordered L12 






Figure 9 (a) Experimental and (b-c) simulated HAADF images projected along [001] 
direction. (d) The corresponding intensity profiles along the direction indicated by two 
opposite arrows in (a-c) are shown at the bottom. 
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Table 1 Average compositions (at.%) of FCC phase and L12 phase in the annealed 
sample measured by APT. 





























Table 2 Composition of grains in the as-spun sample and annealed sample measured by 
EDX, APT and EDX (at. %), respectively. 
 Fe Co Cr Ni Cu Al 
As spun(EDS) 18.82±0.13 18.58±0.14 18.74±0.12 17.35±0.14 14.79±0.13 11.71±0.14 
As spun(APT) 18.318 19.564 17.648 19.522 14.227 10.721 




Chapter 3 Influence of Al addition and quench rate 





Phase stability of CoCrCuFeNiAlx (x=0.5, 0.8 and 1.0 by atomic portion) high 
entropy alloys (HEAs) produced by melt-spinning with different cooling rates has been 
evaluated by X-ray and transmission electron diffractions as well as by Cs-corrected 
high resolution scanning transmission electron microscopy combined with elemental 
EDX mappings. It is found that entropy appears to stabilize high temperature solid 
solution phase in HEAs with a slight Al addition, due to the increased magnitude by 
scaling temperature and entropy that reduces the Gibbs free energy. On the other hand, 
increasing Al contents destabilize the solid solution phase at high temperatures and 
promote the formation of intermetallic compound phases (L12, B2 and σ phases), 
leading to a strong phase separation. The observed phase numbers can reach as high as 
seven in the six-component alloy that has the highest Al addition, indicate entropy 
effect is weak in suppressing the formation of intermetallic phases that are dominated 
by large negative mixing enthalpy. The observed phases can be well understood by 




The explorations of single phase HE solid solutions have been facilitated since the 
first report on equiatomic metallic component alloys [1]. Although a number of single 
phase HEAs have been reported, these include the FCC alloys containing 3d transition 
elements (Fe, Co, Cr, Ni, Mn) [2][3] , the BCC alloys containing refractory elements 
(Nb, Mo, Ta, W, V, Ti, Zr) (some are wider definition of refractory elements), and the 
HCP alloys containing rare earth elements (Lu, Gd, Tb, Dy, Tm) [4]. Most of the 
reported multicomponent alloys do not form single phase solid solutions as predicted 
by the configurational entropy maximization rules. They suffer from 
structural/chemical ordering, or phase separations due to strong chemical reactions 
between constituent elements. In fact, the extension of single phase solution fails when 
the system complexity increases, as suggested by Cantor et al, who produced an alloys 
containing 20 elements, the product alloy with a multiphase microstructure exhibit a 
brittle nature. Interesting, one of the solid solution phases formed was FeCoCrNiMn, 
which is exclusively formed by transition metallic elements. This suggests the 
formation of single phase solutions are strongly dependent on intrinsic chemical nature 
of constituent elements, as suggested by period table. 
Recent studies of the same alloys have suggested that higher Al contents promote 
the formation of BCC phase(s) [5]. Liu et al demonstrated that beside the two FCC 
phases, intermetallic L12 phase was stable below solidus [6], which is in contrast to the 
phase equilibria of CoCrCuFeNiAl0.5 alloy proposed in Ref. [7]. They also claimed the 
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stability of the alloy is stabilized by entropy effect, while Stone et al claimed that 
enthalpy dominate the stability the alloy and a single solid solution phase does not exist 
[8]. To date, the role of entropy on stabilizing a solid solution phase is still in debate. In 
this study, we have investigated the microstructures of typical CoCrCuFeNiAlx HEA 
system. The competition of entropy and enthalpy can be tuned by proper addition of the 
Al that can control the magnitude of the mixing enthalpy term in the Gibbs equation.  
 
 
3.2 Experimental procedures 
Alloys with nominal compositions of CoCrCuFeNiAlx (the number in the 
subscript is in atomic portion, x=0.5, 0.8, and 1.0) were prepared by arc-melting a 
mixture of the constituent elements with purity better than 99.9% in a Ti-gettered 
high-purity argon atmosphere. Repeated melting was carried out at least five times to 
improve the chemical homogeneity of the alloys. The alloys were rapidly solidified as 
ribbons by melt spinning with the Cu wheel spinning speeds ranging from 2500rpm to 
5000rpm (revolutions per minute). Detailed sample preparation procedures can be 
found elsewhere [9]. 
The thin foils of the alloys for transmission electron microscopy (TEM) 
characterization were prepared by ion milling at Ar ion energy less than 2keV and an 
incident angle of ±6 degree. Liquid nitrogen was used to cool the TEM samples during 
ion milling. The TEM observations were performed by a JEOL JEM-2100F microscope 
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equipped double spherical aberration correctors for probe forming and image forming 
lenses. HAADF-STEM images were acquired using a annular-type detector with an 
collection angle ranging from 100 to 267 mrad, while bright ﬁeld (BF) STEM images 
were simultaneously recorded using a STEM BF detector. Chemical analysis was 
carried out by means of Energy-dispersive X-ray spectroscopy (EDS). Elemental EDS 
mappings and spectra were acquired using a JEOL JED-2300T. X-ray diffraction (XRD) 





Figure 1 shows XRD patterns of the alloys rapidly solidified at different cooling 
rates. The majority phases in these alloy are identified to be FCC and BCC with the 
lattice constants of afcc=3.60Å and abcc=2.87 Å, respectively. No peak splitting and 
distinct shoulders can be found in the intense peaks of these alloys. The XRD patterns 
of the x=0.5 samples show a single phase that can be indexed by an FCC structure 
(Figure 1a, 1b); with Al content increased to x=0.8, an FCC plus BCC phases can be 
indexed from the patterns, the intensity ratios of the two phases (Table 1) suggest that 
the BCC phase dominate at a higher cooling rate, while the FCC phase is the major 
phase at a lower cooling rate (Figure 1 c-e); with Al content further increase to x=1.0, 
the BCC phase dominates at all cooling rates, while the peak intensity of the FCC phase 
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decreases with a slower cooling rate (Figure 1 f-h), suggest that an FCC to BCC 
solid-solid reactions occurred upon cooling. In addition, reflections from ordered FCC, 
BCC and intermetallic phases are not seen in the XRD spectra, implies that a 
quantitative information on the relative amount of ordered and intermetallic phases 
cannot be obtained based on XRD method, possibly because of broadening and 
reduction of diffraction intensities by distorted crystalline planes in the solid solution 
phase [6]. 
Compared to casting, melt spinning ensure a high cooling rate that prevent the 
growth of equilibrium phases. In this sense, the cooling rate is an important factor 
controlling phase formation, in addition to the chemical effect. We systematically 
investigate the structure evolution of the three alloys with different cooling rates. For 
CoCrCuFeNiAl0.5, a slower cooling rate leads to an enhanced L12 ordering by 
nanoscale phase separation. An example is shown in Figure 2, as compared to the 
sample with higher cooling rate (4500rpm), the two samples show nearly the same 
grain size ranging from 0.5 to 150   , while an enhanced L12 ordering was observed 
in the lower cooled sample, indicated by electron diffraction patterns in Figure 2b and 
Figure 2d, Figure 2e and Figure 2f represent ,111-fcc high resolution HAADF and 
inverse fast Fourier transformed images (the purpose is to enhance the image contrast 
and also reduce scanning noise) in the 3000rpm sample, the ordered domains having 
alternative strong/weak contrast are clearly seen from the image, indicate a significant 
ordering process occurred from higher to lower cooling rate.  
With a higher Al addition, a mixture of FCC and BCC grains is seen (Figure 2a). 
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In contrast to the CoCrCuFeNiAl0.5 alloys, the BCC grains in the CoCrCuFeNiAl0.8 
alloy (4500rpm) shows a dendrite/interdendrite structure, the Cu is found to partition 
into the interdendrite regions, while a fine dispersed precipitates (inset image) are 
present in the dendrite regions which has a B2 structure by electron diffractions (Figure 
3b). Distinct from a dendrite-interdendrite morphology of the BCC grains in the higher 
cooled sample, the sample with a lower cooling rate also exhibits a polycrystalline 
morphology but a high density of intermetallic precipitates, as shown in Figure 3c, 
most of the precipitates inside a grain are interconnected and show strong reactions 
with dislocations produced by quench, an enlarged zoom-in view of the image 
demonstrate that these precipitates are in different contrast in the Z-contrasted 
HAADF-STEM image (Figure 3d), suggest different chemical origins of these phases. 
Figure 3 e-i show elemental EDS mappings of the phases in Figure 3d, the Cu-rich, 
Cr-rich and Ni(Al)-rich phases are clearly seen in the grain, selected area electron 
diffraction (SAED) patterns suggest that the matrix phase has enhanced L12 reflections 
(inset image of Figure 3c), which shows the same ordering trend as compared to x=0.5 
alloys. While the intermetallic compound (IC) phase shows high coherency and very 
close lattice spacing (first order diffraction spots of FCC phase overlap with ones in IC 
phase) with the L12 matrix phase, as shown in the nano-beam electron diffraction 
(NBED) pattern (inset image of Figure 3d). High resolution EDS mappings show that 
the IC phase is exclusively rich in Cr, Fe and Co, with a slight Al partitioning (Figure 4 
c-h), atomic scale HAADF-STEM observations confirmed that the IC phase has a 
well-defined crystallographic relationship with Fe(Co,Ni,Al)-rich matrix phase (Figure 
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4 b-h), implies a solid-solid precipitation reactions upon cooling. The similar symmetry 
in the FFT patterns of the FCC and IC phases implies that the IC phase has a cubic 
symmetry and is possibly  σ phase with Pearson symbol of D8b [10]. In addition, 
minor BCC phase at triple junctions are further confirmed to decompose into 
nano-scale Cu-rich phase and also Cr(Fe)-rich phase (Figure 5 d-i), atom resolved high 
solution HAADF-STEM observations combined with EDS mappings reveal that the 
Ni(Al)-phase has a B2 structure by FFT pattern (Figure 5 a-c). Conversely, the 
Ni(Al)-rich, Cr(Fe)-rich phase has a B2 structure, while the Cu-rich phase may possibly 
has an FCC structure since Cu itself do not form any ordered phase (Possibly the Ni 
and Al partitioned to the Cu phase to form Cu(NiAl)-B2 phase [11]).  
With Al content further increased to x=1.0, the morphology of the microstructure 
still shows a polycrystalline structure, and the polycrystalline grains in the fast-cooled 
x=1.0 alloy (5000rpm) also show a mixture of FCC and BCC grains (Figure 6a). 
However, compared to dendrite/interdendrite structure of the BCC grains in x=0.8 
alloys (4500rpm), a finely dispersed precipitates are seen in the BCC grains (Figure 
6b). SAED patterns of the individual FCC and BCC grains suggest that an FCC grains 
has a weak and partial L12 ordering (Figure 6c), while a B2 structure can be identified 
in the BCC grains (Figure 6d), detailed examination of the SAED patterns show 
pronounced diffuse streaks around Brag peaks, implying a fine structure that will be 
explained in detail later. The decomposition of the BCC grains into Cu-rich, Ni(Al)-rich, 
and Fe(Co,Cr)-rich phases can be confirmed by high resolution EDS mappings (Figure 
7 a-g), the SAED pattern (inset image of Figure 8a) shows a B2 structure, the dark 
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contrast inside bright regions in the dark-field image acquired by masking a 010 B2 
superlattice reflection suggest that the Ni(Al)-rich phase is B2 structured, while the 
Cu-rich precipitate and Fe(Co, Cr)-rich phase has a BCC structure as the diffraction 
pattern shows no additional spots beside the overlapped BCC and B2 patterns (Figure 
8a). Atomic scale HAADF-STEM imaging reveal that the Fe(Co, Cr) matrix phase is 
BCC structured and Cu precipitate phase and Ni(Al) phase are both B2 structured 
(Figure 8b). However, the fact that Cu precipitate has a B2 structure is an artifact from 
3-dimenion projection by TEM because of small precipitate size buried in the matrix 
and also because of the core-shell structure of the precipitates (Figure 7 b-d). These 
fine dispersed nano-precipitates are found to change their morphology upon cooling, 
which are associated with phase transformation controlled by uphill diffusion, as shown 
in Figure 9 a-c, the Cu-rich nano-precipitates change their shape from almost spherical 
in the higher cooled alloy (5000rpm) to elliptical in the lower cooled counterpart 
(2500rpm), atomic scale HAADF-observations demonstrate that phase transformation 
from BCC structure, to an intermediate phase with a partial 9R structure (with a 
stacking sequence of ABC/BCA/CAB) plus a partial FCC structure, and to a twined 
FCC structure during the coarsening process upon cooling (Figure 9 d-f). The 
transformation process is broadly in line with the phase transformation observed in 
Fe-Cu based ferritic steels [12].  
Apart from strong separations observed in the BCC grains, the structural 
instability of BCC-based solid solution phase with a B2 structure can also be observed. 
Figure 10 a-f show experimental and simulated transmission electron diffraction 
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patterns along ,1̅10-B2, ,21̅0-B2, and ,31̅0-B2 zone directions, the parameters used 
for simulation are acceleration voltage (200 KV), sample thickness (20 Å), spot size 
(0.08 1/Å). In addition to the B2 reflections, diffuse streaks are observed in the 
experimental diffraction patterns, close inspection of the diffuse streaks suggest that it 
is made of octahedra that centers at ±n*001+B2 and ±n*111+B2, where n is an odd 
integer. The observed diffuse streaks are typical of the presence of a ω structure, as 




In contrast to traditional alloys that are mostly based on principle element, the 
HEAs are based on multiple principle elements. Developing a thermodynamic data for 
predicting the phase formation in HEAs proves demanding as full range of 
compositions has to be assessed rather than focusing in the corners of a phase diagram. 
Recently, the potential of using the CALPHAD (calculation of phase diagram) 
approach to evaluate phase stability of a number of HEAs has been discussed by 
examining binary phase diagrams. The difficulty of this approach is lacking a complete 
experimental database that supports the predicting the phase equilibria in the center of 
the composition range [14]. In this study, Fe, Co, Cr, Ni and Cu are transition metallic 
elements having similar atomic radii (Table 2), while Al exhibits strong chemical 
reactions with other elements due to negative mixing enthalpy (Table 3), in particular, 
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Al can combine with Ni to form either intermetallic L12 or B2 phases, as suggested by 
phase diagram [15]. Although it seems the equiatomic mixing of constituent elements 
(except Al) makes the definition of solute-host atomic elements no longer applicable to 
classical Hume-Rothery theory, the partitioning between elements break down the 
equiatomic nature of the constituent elements, making them a classical metallurgical 
problem and, can be easy explained by Hume-Rothery rules. Also, the positive mixing 
enthalpy also plays a critical rule in the formation of precipitation phases. The Cu 
element, for example, which is also a transition element in close proximity with Fe, Co 
and Cr in the periodic table, but shows strong tendency for phase separation in the solid 
solution phases due to its positive mixing enthalpy with other elements [16][17].  
Following this idea, it is thus easier to decompose the multicomponent 
CoCrCuFeNiAlx system into binary or ternary systems, for which the phase stability of 
each phases, can be well explained by phase diagrams. Based on this notion, the above 
alloy system can be separated to three subsystems based on our experimental 
observations and mixing enthalpy data from Table 3, they are Cu, Fe-Co-Cr and Ni-Al 
systems. We will demonstrate how easy it is to understand the phase formations in a 
multicomponent alloys using the above ideas. 
We will consider the phase formation rules in a logical flow by discussing the 
influence of Al addition on phase stabilities of each alloys (excluding the effect of Cu 
as it is always rejected from other phases), while the effects of cooling rate are 
discussed by fixing the compositions. Following this sequence, we have concluded that 
increase of Al contents leads to a structural transformation from FCC to BCC, as 
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indicated in Figure 1, which shows broad consistency with other reports [6]. In contrast 
to the microstructure changes from polycrystalline BCC grains to dendrite 
(BCC)/interdendrite(FCC) morphologies in the splashed and as-cast CoCrCuFeNiAl1.0 
alloys in Ref. [18], we show that a polycrystalline structure mixed with both FCC 
grains and BCC grains at a higher cooling rates (Figure 6a), The FCC grains further 
spinodally decomposed into Cu-rich, Ni(Al) and Fe(Co,Cr)-rich domains (Figure 7). 
The decomposition sequence for high temperature phases in the x=0.8 and x=1.0 alloys 
appear different, as shown in Figure 1 c-h, although the BCC/FCC phase ratios are 
roughly the same at higher cooling rates for both alloys (Table 1), a transformation of a 
BCC phase into an FCC phase is observed in the x=0.8 alloy, while a reversed FCC to 
BCC solid-solid transformation is seen in the x=1.0 alloy. However, the predicted phase 
diagram in Ref. [15] shows a BCC plus FCC(Cu-rich) region below liquidus and before 
spinodal decomposition for the x=1.0 alloy, which is roughly consistent with our 
observations. However, the FCC solid solution phase observed in this study is not 
included in the phase diagram. In addition, the formation of intermetallic 𝜍 phase in 
x=0.8 alloy cannot be predicted from the phase diagram.  
The observed phases in the melt-spun alloys suggest that the degree of phase 
separation maximized with increasing Al contents because of increasingly large 
negative mixing enthalpy. For the ease of discussion, Cu is taken from the system as it 
is always rejected by other elements. Despite a small fraction of L12 phase and 
nano-scale Cu-rich phase are observed in the x=0.5 alloys [16], a true solid solution 
phase may form (Figure 2a), particularly at high temperatures because the magnitude 
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of entropy term become higher by scaling a temperature factor. With lower cooling rate, 
the temperature effect become weak and is not able to compete with the enthalpy term, 
lead to intermetallic L12 ordering for which the ordering transition temperature was 
reported to be 850 ℃  by differential scanning calorimetry for the same alloy 
composition [19]. However, comparing the magnitude of the entropy term to mixing 
enthalpy to access the stability of a high temperature phase is demanding as some other 
factors may arise. For example, the electronic thermal energy are found more important 
than vibration entropy in stabilizing of the BCC phase in Ti and Zr [20], implying that 
electronic contribution to entropy is more effective than vibration entropy, conversely, 
beside the configurational entropy, the contribution from magnetic dipole, vibrational 
and also electronic randomness [21] at high temperatures cannot be underestimated.  
It is noteworthy that formation of high density of Cr-rich 𝜍 phase in x=0.8 alloy 
(3000rpm) appears to be triggered by a critical Al addition, from the EDS mappings 
shown in Figure 3 e-j, the Cr-rich 𝜍 phase, Cu-rich phase and Ni(Al)-rich phase are 
spatially correlated, implies that a critical composition condition is meet by a reduction 
of Ni and Al from matrix phase (and form a B2 phase), this can be referred to Cr-Fe [22] 
and Cr-Co [23] binary phase diagram in which the 𝜍 phase form in the middle of the 
composition range. Although a pronounced phase separation interfere the formation of 
a multicomponent solid solution phase, binary and ternary solid solution phase can still 
form in the HEAs, while the Cu-rich phase can be regarded as a terminal solid solution 
phase. We demonstrate that the BCC solution phase, for example, Fe(Co,Cr)-rich BCC 
phase observed in x=0.8 and x=1.0 alloys, can further decompose into a metastable ω 
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phase structure. The instability of the BCC phase implies that an electronic calculation 




In this paper, we have demonstrated that the phase stability of CoCrCuFeNiAlx 
HEAs can be accessed by considering the competition of Cu, Fe-Co-Cr and Ni-Al 
systems. The Cu-rich phase can form a terminal solid solution phase which can either 
be a BCC or FCC structure. While the competition between Fe (Co, Cr) phase and 
Ni(Al) phase give the final microstructure in the x=0.8, 1.0 alloys and is controlled by 
Al concentration. A slight Al addition give rise to a high temperature solid solution 
phase in the x=0.5 alloys and decompose into a L12 phase and FCC phase with a fully 
coherent interface when the cooling rate is smaller. Further increase the Al addition 
gives more BCC phase at high temperatures and a mixture of FCC and BCC grains is 
seen in both x=0.8 and x=1.0 alloys. The dominant BCC phase decompose into FCC 
phase in the x=0.8 alloys and a reversed reaction is seen in the x=1.0 alloy, which 
involves with precipitation of FCC-Cu, B2-Ni(Al) and σ-Cr(Co, Fe) phases from 
matrix in the x=0.8 (3000 rpm) alloy, and also a spinodal decomposition of FCC phase 
into BCC-Cu, B2-Ni(Al) and BCC-Fe(Co, Cr) phases are seen in the x=1.0 alloys. The 
BCC-Cu phase is found unstable and undergo a series of phase transformation to an 
intermediate 9R structure and finally to an FCC structure, while the BCC-Fe(Co, Cr) 
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solid solution phase is also unstable and transform into a metastable ω structure. The 
observed phases can be predicted by referring to binary or ternary phase diagrams and 
the phase numbers can reach a maximum value of 7; suggest that the entropy effect is 
too weak to compete with the mixing enthalpy in either stabilizing a solid solution 





Figure 1 a-h X-ray diffraction spectra of melt-spun CoCrCuFeNiAlx HEAs with 





Figure 2 (a-d) Microstructure of the melt-spun CoCrCuFeNiAl0.5 HEAs by BF-STEM 
images and electron diffraction patterns, showing an enhanced L12 ordering with a 
slower cooling rate (4500rom to 3000rpm); (e), (f) Raw and IFFT HAADF-STEM 
images showing L12 domains in the 3000rpm sample, the FFT pattern in the inset image 
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suggest a L12 structure.  
 
 
Figure 3 (a) BE-STEM images of the x=0.8 alloys showing polycrystalline structures 
with a mixture of FCC and BCC grains in the 4500rpm sample, (b) an enlarged 
zoom-in view of a BCC grains suggest an dendrite/interdendrite structure, the fine 
precipitates are shown in the inset image. (c) BF-STEM image showing precipitation of 
intermetallic phases from in a grain, (d) HAADF-STEM images of an enlarged view of 
intermetallic phases showing gliding dislocations. (e-j) elemental EDS mappings of the 
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Figure 4 (a) HAADF-STEM image showing the interface between FCC and σ phase, 
(b) atomic scale HAADF-STEM image of the two phases, with their FFT images 
shown in the right, the well-define crystallographic relationship can be seen. (c-h) 
Elemental EDS mappings suggest that the σ phase is rich in Cr, Fe and Co and is 






Figure 5 (a-c) HAADF-STEM and FFT images of the B2 phase in the x=0.8, 3000rpm 
alloy, showing a nanoscale phase separation with Cu-rich and Cr(Co,Fe)-rich phases 
buried in the Ni(Al)-rich matrix (d-i). The possible structure of Cu-rich phase is BCC 






Figure 6 (a) BF-STEM image of the x=1.0, 5000rpm alloy showing a mixture of FCC 
and BCC grains, (b) enlarged zoom-in view reveals a nanoscale phase separations by 
HAADF-STEM. (c) and (d) electron diffraction patterns of an FCC grain and a BCC 





Figure 7 (a) HAADF-STEM image showing spinally decomposed structure by forming 





Figure 8 (a) DF-image revealing the spinally decomposed structure by masking a 100 
B2 superlattice reflection, shown in the inset image. (b) Atomic scale HAADF image of 
a Cu-rich precipitate, the FFT and low magnification STEM images are shown in the 
inset image. The images suggest that Cu-rich and Fe(Co, Cr)-rich phases has a BCC 






Figure 9 (a-c) BF-STEM images revealing the morphology and contrast changes of 
Cu-rich precipitates by different cooling rates in the x=1.0 alloys, (d-f) HAADF-TEM 
images showing three typical atomic structures representing a phase transformation 







Figure 10 (a-c) Experimental and (d-f) simulated electron diffraction patterns 
along,1̅10-B2 , ,21̅0-B2 , and ,31̅0-B2  zone directions. The diffuse streaks in the 





Table 1 Relative intensity ratios of the 110BCC/111FCC peaks in XRD spectra  
x           rpm 5000 4500 3500 3000 2500 
0.8 - 1.77 0.70 0.17 - 
1.0 1.30 23.21 - - 16.93 
 
Table 2 Atomic radii for 12-coordinated metallic elements (in pm) [24] 
Element Al Cr Fe Co Ni Cu 
Radii 143.2 128.2 127.4 125.2 124.6 127.8 
 
Table 3 Mixing enthalpy (∆𝐻, kJ/mol) of constituent elements in binary systems [25]   
∆𝐻  Co Cr Cu Fe Ni Al 
Co - -4 6 -1 0 -19 
Cr - - 12 -1 -7 -10 
Cu - - - 13 4 -1 
Fe - - - - -2 -11 
Ni - - - - - -22 
 
Table 4 Observed phases in CoCrCuFeNiAlx alloys based on transmission electron 




Observed phases Phase number 
0.5 
4500 FCC1(Cu)+FCC2+ L12 (NiAl, minor) 3 
















FCC1+ L12 (NiAl)+ 
B2(NiAl)+BCC1(Cu)+BCC2(FeCoCr)+𝜔 
6 
∗ The FCC solid solution phases containing multiple elements are not listed in the brackets, the 
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Chapter 4 Atomic structure of deformation 




High entropy alloys (HEAs) with nearly equiatomic multi-components are 
emerging as a new class of structural materials because of exceptional mechanical 
performances at both elevated and cryogenic temperatures where conventional alloys 
often struggle to meet requirements [1-4]. In principle, the outstanding mechanical 
properties have been suggested to be attributable to distinctive dislocation behaviour of 
HEAs [5-8]. However, the underlying micromechanisms is not well understood mainly 
because of the lack of information on the dislocation structure of HEAs [9] [10]. Here 
we report the atomic-scale characterization of dislocations and dislocation reactions in a 
face-centered cubic HEA, realized by the state-of-the-art spherical aberration corrected 
transmission electron microscopy. Atomic images reveal a unique combination of 
microstructural features in the HEA, including widely dissociated and reactive 
dislocation cores and a medium stacking fault energy, which leads to extensive 
dislocation reactions and thus linear work hardening for high ductility. This study 
uncovers the atomic origins of exceptional mechanical properties of HEAs and has 
important implications in developing new structural materials with outstanding 




Recently developed high entropy alloys (HEAs) have exhibited many sought-after 
mechanical properties, such as superior fracture toughness at cryogenic temperatures 
[1], high work hardening rates [9], and high phase stability [11-13]，which traditional 
metallic materials usually do not offer. The mechanical properti-es of HEAs, similar to 
that in the conventional metals and alloys, strongly depend on the microstructure and 
the strength and ductility are mainly determined by the atomic nature of dislocations 
and their interactions associated with plastic deformation [5-10]. However, the 
dislocation structure in HEAs has only been sporadically studied [7] and the underlying 
micromechanisms for the unusual mechanical properties of HEA, such as high ductility 
and work hardening rates [9], still remain largely unknown. In this study, we employed 
the state-of-the-art aberration corrected (Cs-corrected) TEM with a high-angle annular 
dark field (HAADF) detector to examine dislocation structure and dislocation reactions 
in a deformed single-phase face-centered-cubic (FCC) CoCrFeNiAl0.1 HEA to shed 
lights on the atomic origins of the outstanding mechanical properties of HEAs.  
  
 
4.2 Experimental procedures 
The alloy with a nominal composition of CoCrFeNiAl0.1 (in atomic proportion) 
was prepared by vacuum induction casting with 99.9% purity constituent elements. The 
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casted ingots were then subjected to a hot isostatic pressure (HIP) treatment at 1200 ºC 
and 100 MPa. After 4 hours of HIP treatment, the ingots were cooled to 340ºC for 3 
hours, and then cooled to 190 ºC for 1 hour before removing the ingots from the 
pressure chamber to atmosphere. To investigate the deformation behavior of the alloy, 
tensile samples with the gauge diameter of 3.15 mm and the gauge length of 31.5 mm 
were tested at room temperature at a strain rate of ~1×10-4/s. The tensile strain was 
purposely stopped at ~8% to achieve a proper density of deformation dislocations.  
The grain morphology of the alloy were characterized by a field emission scanning 
electron microscope (SEM) equipped with an electron backscattered diffraction (EBSD) 
detector and an energy dispersive X-ray spectrometer (EDS). The crystal structure and 
lattice parameter of the alloy were measured by X-ray diffraction (XRD) at room 
temperatures with a scanning rate of 0.01ºper step.  
Thin foils for TEM and STEM observations were prepared using a twin jet 
electrochemical polisher with a 10 vol. % nitric acid and 90% methanol and the 
electrolyte was cooled by liquid nitrogen before the polishing. The (S)TEM 
observations were performed using a 200 kV JEOL JEM-2100F electron microscope 
equipped with double spherical aberration correctors for both the probe forming and 
image forming lenses. Bright field (BF) and high angle annular dark field (HAADF) 
images were acquired using a Gatan BF detector and an annular-type HAADF detector 
with an angle ranging from 100 to 267 mrad. Low-magnification TEM images and were 
also acquired by a conventional Phillips CM 12 microscope with an operation voltage 
of 120 kV. The BF and weak beam dark field (WBDF) imaging modes were employed 
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and the WBDF imaging condition was set at g/3g with the deviation parameters slightly 
positive. The core widths of dissociated dislocations were measured by a two-beam 
STEM mode with 220-type diffraction vector operation. The dissociated dislocations in 
relatively thick regions were chosen for the measurements to minimize the possible 
interference from sample surfaces. 
 
 
4.3 Results and Discussion 
Figure 1a shows the coarse polycrystalline structure of a CoCrFeNiAl0.1 HEA 
after a hot isostatic pressure (HIP) treatment at 1,200ºC and 100 MPa for 4 hours, the 
HIP process can effectively close the shrinkage pores in the as-cast alloy. The coarse 
grains by high temperature annealing in the HIPed alloy exhibits millimeter-sized and 
elongated grains. All the diffraction peaks in the X-ray diffraction spectrum (Figure 1b) 
can be indexed as a FCC crystal with a lattice constant of 3.535Å, consistent with the 
measurements by selected area electron diffraction (SAED) (Figure S1). The nomial 
and experimetally measured compositions by atom probe tomography are listed in 
Table S1. Nanoscale phase separations are not observed by Cs-corrected scanning TEM 
(STEM) with an atomic-scale spatial and chemical resolution [14], [15] .The HEA was 
mechanically tested in tension and the engineering and true strain-stress curves are 
shown in Figure 2a. The true strain stress curve can be well fitted using a Shah Model 
(Figure 2b), the fitted curve suggest the early stage true strain stress follow a linear 
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relationship that can be described by the following equation: 
𝜍 = 146.74408 + 7.39779 ∗ 𝜀 − 150.72971 ∗ (7.82728E − 10)ε      (1) 
Where σ and ε are true stress and true strain, respectively. The first term is a 
constant (146.74 MPa) that is almost equivalent to the 0.2 % offset yield strength value 
(148 MPa), while the second term gives a constant work hardening rate (739.779 MPa) 
as the third term is sufficiently small in magnitude and approaching to zero after 
yielding, thereby equation (1) is reduced to: 
σ = 146.74408 MPa + 739.779 (MPa) ∗ ε                            (2) 
The constant work hardening rate suggests a linear work hardening during the 
plastic deformation, which is similar to that in a coarse grained fcc-CoCrFeMnNi HEA 
[16]. In addition, the measured Young’s modulus E is very close to that (171-195 GPa) 
of the density functional theory (DFT) calculations and nanoindentation measurements 
of alloys with similar compositions [17], suggest that the influence of Al addition on the 
interatomic bonding forces of the two HEA systems is possibly weak. To investigate the 
underlying deformation mechanisms, tensile tests were purposely interrupted at an 
engineering strain of ~8 % to facilitate TEM characterization of the deformed samples 
with a proper dislocation density. 
In contrast to the as-prepared alloy that has a very low density of dislocations, a 
large number of dislocations appear in different slip systems after ~8 % tensile 
deformation, while no deformation twins are observable within 8 % strain. The 
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structure of dislocations in the deformed sample was characterized by STEM under a 
two-beam condition to enhance the diffraction contrast of dislocations. This, combined 
with the high spatial resolution of Cs-corrected STEM, makes it possible to image the 
dissociated partial dislocations in the bright-field (BF) mode. Figure 3a shows a 
BF-STEM image of dislocation networks in the deformed alloy. The imaging plane is 
approximately 35 degree oblique to the (111) slip plane and the [111] type diffraction 
vector in the two-beam condition is shown in the inset. Figure 3b represents a zoom-in 
BF-STEM image of the deformation dislocations under a diffraction vector 𝒈 = [220] 
two-beam condition (see the inset). The dissociation of dislocations with measureable 
core widths can be clearly seen in the image. The Burgers vectors (𝒃𝒑 ) of the 
dissociated dislocations are determined by the operation of |𝒈 ∙ 𝒃𝒑| with the invisible 
criterion of |𝒈 ∙ 𝒃𝒑| = 0 using high-resolution STEM (HR-STEM). The dislocations 
have a Burgers vector of (𝑎/2) < 110 >  and the dissociated partials are determined to 
be Shockley partials with a Burgers vector of  (𝑎/6) < 112 >. The angle  between a 
dislocation line and an operated diffraction vector can be used to identify the character 
of the dislocation as edge, screw, or mixed in nature. As marked in the sequence of 
distances/angles in Figure 3b, the width between dissociated partial dislocations 
changes with local screw components of the dislocations (Figure 3c). It is worth noting 
that most  (𝑎/2) < 110 >  dislocations have a visible dissociated core with a width of 
about several to tens of nanometers. In addition to the dissociated dislocations, there are 
a large number of sessile composite dislocations (Figure 4a, produced by the reactions 
of dislocations gliding on different {111} planes. Both Lomer locks, formed by two full 
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dislocation reactions, and Lomer-Cottrell locks, by the reactions of two partials from 
two dissociated dislocations, are frequently observed in the alloy, indicating that 
extensive dislocation reactions have taken place during plastic deformation. Figure 3d 
is an example showing multiple Lomer-Cottrell lock junctions, indicated by red 
arrowhead, at each crossover point of the dissociated dislocations from different slip 
systems. A zoom-in image (Figure 3e) reveals the detail of a Lomer-Cottrell lock by 
the reaction of two (𝑎/6) < 112 > partial dislocations from two different dissociated 
dislocations. The planar dislocation glide is dominated by partial dislocations with near 
screw component, as shown in the HR-TEM image (Figure 4b), the partial dislocations 
with narrow separation distances glide on (111) plane and react with partials that 
comes from the other (111̅) plane, as indicated by red arrows. The reactions of partial 
dislocations, resulting in composite dislocations that may offer the nucelation sites for 
twins. However, similar to twin nucleations in conventional coarse grained FCC metals, 
observation of twin nucleation in either in-situ or post-mortem experiments is 
challenging as the length and time scale are simply too small to be captured by current 
experimental techniques [18]. 
Figure 5a is a high-resolution HAADF-STEM image of a dissociated  (𝑎/2) <
110 >  dislocation taken along the [110] direction. The Burgers vector loop marked by 
the arrows for every ten {111} planes shows that the entire dislocation is a 60 degree 
full dislocation since only one set of (111) planes have an extra half plane inserted [19]. 
The separation distance of the two Shockley partials is ~34 nm, which is surprisingly 
larger than those of conventional metals and alloys with a low stacking fault energy 
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(SFE), for example pure Au [20], [21]. The stacking fault with a lattice shift on a single 
{111} plane can be seen in the image taken from the middle part of the dissociated 
dislocation core (Figure. 3b). From the atomic image of each end of the dissociated 
dislocation, a partial dislocation with the Burgers vector of  (𝑎/6),121̅-  can be 
identified (Figure. 3c). The dislocation core widths depend on the dislocation character 
and screw dislocations usually have a narrower width of ~10 nm, consistent with the 
BF-STEM observations. Based on the experimental measurements of the core widths of 
dislocations with different character angles , the SFEs (γ) were calculated according 










)                                   (3) 
where 𝑎 is the lattice parameter taken from X-ray measurements (3.535Å); the  𝐺 
and 𝜗are the isotropic shear modulus and Poisson’s ratio, respectively. The value of 
the Poisson’s and shear modulus were taken as 0.3 and 76.9 from Ref. 10. The 
calculated SFE using above parameters yield a value of 50±27 mJ/m2, as shown in 
Figure 6, the value is close to 51 mJ/m
2
 measured in CoCrFeNiAl0.3 alloy with similar 
composition [10], suggest that the current HEA has a medium SFE rather than low SFE. 
The scatter in the data may possibly arise from atomic scale inhomogeneity (local 
chemical short range ordering and clustering, which further assistant in the 
development of planar slip). 
Both the undissociated and the dissociated dislocation cores bounding SF ribbons 
in between lead to extensive dislocation reactions and the formation of Lomer and 
Lomer-Cottrell locks in the deformed HEA (Figure 3d), which are mainly responsible 
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for the work hardening of HEAs. To view the interaction between dislocations, the 
atomic structures of the dislocation locks were imaged by real-space HAADF-STEM. 
Figure 6a represents the atomic image of a Lomer lock junction. The Lomer 
dislocation with the Burgers vector of 𝒃𝟑 = (𝑎/2),101- is formed by the reaction of 










,101-                                             (4) 
The reaction product is a sessile dislocation junction since its Burgers vector is no 
longer on the active slip planes of (111) or (11̅1) of the primary dislocations. The 
strain mapping (Figure 6b) shows that there is a large nonplanar strain field around the 
core of the sessile dislocation, resulting from the superposition of the dislocations 
involved in the reaction. The nonplanar strain field also increases the difficulty of the 
dislocation motion.  
The atomic structure of Lomer-Cottrell junctions in the current HEA was also 
imaged by phase-contrast HRTEM. Figure 6c shows a phase-contrast HRTEM image 
of a stair-rod dislocation with the Burgers vector of (𝑎/6),110-, in which the sessile 
dislocation is produced by the reaction of two partial dislocations of widely dissociated 
dislocations on two different slip planes. The real-space atomic image shows that two 
dissociated dislocations have the Burgers vectors of (𝑎/2),101̅- and (𝑎/2),011- on 
(111) and (1̅11) planes, respectively. From the image, the dissociation reactions can 
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,110-                                             (7)  
As shown in the high-resolution images, the resultant stair-rod dislocation is not 
on the active slip planes of (111) or (1̅11) and hence is immobile. 
The dissociated dislocations and a large number of immobile Lomer and 
Lomer-Cottrel locks, revealed by the atomic-scale characterization, uncover the 
micromechanisms of the large work hardening rate of the single-phase FCC HEA. 
These immobile dislocation locks act as the Frank-Read sources for dislocation 
multiplication to form parallel long dislocations in the same slip systems (Figure 4a), 
which gives rise to a linear increase of flow strength with plastic strain (Figure 2). 
According to the Kocks–Mecking formulation [22], the evolution of average 
dislocation density (𝜌) with stain (𝜀) can be described as:  
𝑑𝜌 𝑑𝜀 = (
𝑚√𝜌
𝑏
− 𝑘 ∙ 𝜌)                                            (8)⁄  
where 𝑏 is the magnitude of the Burgers vector, 𝑚 is the storage coefficient and 
𝑘 is the annihilation coefficient associated with dynamic recovery of dislocations. The 
widely dissociated dislocation cores and the easy formation of dislocation locks can 
effectively impede the dynamic recovery caused by the cross slip. Together with the 
large grain size and low initial dislocation density of the HEA, the annihilation term is 





                                                        (9)⁄  




𝜍 = 𝜍0 + 𝜂 ∙ 𝐺 ∙ 𝑏√𝜌                                                (10) 
where σ0 is the intrinsic strength of the material with a low dislocation density; η 
is a correction factor specific to the materials and G  is the shear modulus. 
Differentiating the Taylor equation at both sides with respect to the strain, we have 






⁄   ,                              (11) 
Insert Eq. (8) into Eq.(10), we obtain the constant strain hardening rate as: 
𝑑σ 𝑑𝜀 = 0.5 𝜂 ∙ 𝐺 ∙ 𝑚⁄                                             (12) 
Thus, the linear strain hardening arises from the pure dislocation multiplication 
when the dislocation annihilation by dynamic recovery is prevented. In principle, the 
equation (12) should be applicable to any fully annealed FCC alloy with a large grain 
size and low dislocation density. However, the linear work hardening is rarely seen in 
conventional FCC metals and alloys, such as Al and Cu. It is worth noting that the high 
work hardening factor (high density of composition dislocations, Figure 4a) promotes 
uniform deformation and suppresses crack formation and propagation, thus results in 
high fracture toughness and ductility. Although the current HEA has a medium SFE and 
deformation twins are not observed within 8 % strain, the deformation twins develop 
and play the dominant role during the plastic deformation at higher strain levels, as 
shown in Ref. [9], the high density of twins are responsible for the enhanced work 
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hardening as well as high strain hardening rate observed in CoCrFeNiAl0.1 HEA. The 
significant scattering of dislocation separation distances, for example, dislocations 
display narrow separations in Figure 4b and large in Figure b and Figure 5, may 
possibly imply a short range chemical clustering, which further  assist the 
development of planar slip. In fact, the presence of both dissociated and 
non-dissociated full dislocations in the current alloy also imply such atomic scale 
chemical inhomogeneity, which is current beyond the detection ability by atom probe 
tomography. Such local short range chemical ordering without long rang order may be 
critical for twin nucleation during the deformation, which is a very interesting topic that 
is yet unexplored in the HEA community. It is highly possible that the dislocation 
structures in the current alloys favor the nucleation and growth of twins at higher strain 
levels. As most of dissociated dislocations in the current study are of screw type 
(Figure 4b), the screw dislocations usually have higher mobility than edge ones and 
react each other to produce composite dislocations that may provide effective sites for 
twinning nucleation. Previous in situ straining test on a CoCrFeMnNi HEA has already 
demonstrated that upon straining, the high density of SFs (bounded by screw partials) 
generated in the vicinity of the crack tip and gradually develop into nanotwins
5
, provide 
atomic insight for the excellent fracture toughness. 
In summary, the large scatter in the dissociated dislocation cores implies chemical 
inhomogeneity in the current CoCrFeNiAl0.1 HEA, the immobile dislocation locks 
caused by extensive dislocation reactions, revealed by the state-of-the-art Cs-corrected 
TEM, can explain the linear work hardening at the early stage of deformation. The 
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observed dislocation structures by both dissociated and non-dissociated dislocations 
may provide atomic insights into the exceptional mechanical properties of FCC 
CoCrFeNiAl0.1 HEA. Dislocations with wide and narrow cores obstruct dislocation 
recovery via cross slip which results in a high work hardening rate and hence large 
ductility and extraordinary fracture toughness. The extended dislocation cores also lead 
to extensive dislocation reactions and formation of immobile dislocation locks that act 
as the additional dislocation sources for the enhanced work hardening capacity as 




Using state-of-the-art Cs-corrected TEM, the deformed microstructures of the FCC 
CoCrFeNiAl0.1 HEA was systematically investigated. The main results and findings are 
summarized as follows 
 
1. The Young’s modulus and 0.2% offset yield strength and work hardening rate of 
the alloy, measured by tension tests, are 176 GPa, 148 MPa and 670MPa, 
respectively. Moreover, within 8% plastic strain, the flow stress and strain remain 
a linear relationship.  
2. High-resolution TEM characterization reveals extended dislocation core structures 
of the deformation dislocations in the HEA. The stacking fault energy of the HEA 
was estimated by the quantitative measurements of the dissociated dislocation core 
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widths, which has a value of 50±27 mJ/m2. 
3. The planar dislocation gliding observed in FCC HEAs can be well explained by 
the low stacking fault energy and widely dissociated dislocation cores, which can 
effectively prevent the cross slip. 
4. A high density of Lomer and Lomer-Cottrel lock junctions were observed in the 
deformed HEA, which are formed by reactions of dislocations from different slip 
systems at crossover points. These immobile dislocation junctions play an 
important role in the linear strain hardening by acting as the sources for dislocation 
multiplication.  
5. The linear flow stress increase with strain arises from the pure dislocation 
multiplication when the dislocation annihilation by dynamic recovery is 
insignificant in the coarse-grained HEA with planar slip, which can be well 
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Figure 1 Microstructure of the as-prepared CoCrFeNiAl0.1 HEA. (a) SEM-EBSD 












Figure 2 Mechanical properties of the as-prepared CoCrFeNiAl0.1 HEA. (a) 
Engineering and true strain-stress curves of the CoCrFeNiAl0.1 HEA. The inset is an 
enlarged portion showing a small stress drop after yielding. (b) True strain stress fitted 
using a Shah model that can be described using an equation with three terms, the first 
term is a constant and the second term display a constant work hardening rate, the third 




Figure 3 Two-beam BF-STEM images of dislocations in the deformed alloy. (a) 
Deformation dislocations imaged at 111-type diffraction operation. (b) The changes of 
dislocation core widths of the dissociated dislocations with dislocation character angles 
along the curved dislocation line. The inserted diffraction pattern shows the diffraction 
vector of the two-beam image condition. The intensity profile displays the method to 
determine the dislocation core width. (c) A dissociated dislocation with a narrow core 
width (~10 nm) and small character angle (3
o
). (d) Lomer-Cottrell (LC) junctions 
(marked by red arrows) formed on two {111} slip plane intersections. (e) A zoom-in 





Figure 4 Imaing of dislocation reactions and gliding of partial dislocations. (a) 
Weak beam dark field imaging of dislocation reactions in the deformed CoCrFeNiAl0.1 
HEA, inset shows enlarged view of a dislocation node. (b) HR-TEM image of partial 
dislocations (near screw type) gliding on {111} planes, these partials have narrow 





Figure 5 Atomic structure of a dissociated dislocation. (a) HAADF-STEM image of 
a 60
o
 full dislocation with a widely dissociated dislocation core; (b) the stacking fault 
taken from the middle part of the dissociated dislocation; and (c) one end of the 





Figure 6 Atomic structure of Lomer locks and Lomer-Cottrell locks formed by 
dislocation reactions in the deformed HEA. (a) HAADF-STEM image of a Lomer 
lock formed by the reaction of two full dislocations. (b) The strain mappings around the 
core of the Lomer lock. (c) HRTEM image of a Lomer-Cottrell lock formed by the 






Figure 7 Estimation of stacking fault energy of CoCrFeNiAl0.1 HEA. Measured 
dislocation separation distances as a function of dislocation character angles by 




Chapter 5 Microstructure effect on deformation 




Deformation behaviors of a CoCrFeNiAl0.1 high entropy alloy (HEA) with 
nanometer to micrometer sized grains has been investigated by high resolution electron 
back scatter diffraction (EBSD) as well as scanning transmission electron microscopy 
(STEM). It is found that the coarse-grain (CG) HEA deform by deformation twins with 
increasing strains at an average engineering strain rate of 0.005 S
-1
, which significantly 
enhance the strain hardening rate as well as ductility. In contrast, the ultrafine and fine 
grain (UFG and FG) deform exclusively by dislocations. The Hall-Petch relationship 
and calculated critical shear stress value from Hall-Petch coefficient suggest that grain 
boundary strengthening in the current HEA is very effective than many face-centered 
cubic (FCC) metals. The observed grain size effect on deformation behaviors are very 
similar to those observed in low SFE FCC metals, suggest that the current HEA has a 
low SFE. The CG HEA exhibit high strain hardening capability and thereby offers high 





High entropy alloys having multiple metallic elements, has been demonstrated to 
have many interesting properties. CoCrFeNiMn HEA with a face-centered cubic (FCC) 
crystal structure is a case in point, which exhibit superior fracture toughness as well as 
high strain hardening capabilities than conventional FCC metals [1]. It has been 
claimed that deformation twinning is the primary factor for the enhanced strain 
hardening in FCC HEAs deformed at cryogenic temperatures, due to the increase of 
lattice friction stress with decreasing temperatures that pose greater lattice resistance for 
dislocation slip, and thereby favor the formation of twins. However, deformation 
twinning is not observed in samples tensile tested at room temperature, with an average 
grain size of 4.4    and an engineering strain rate of 10-3/s [2], while Cho et al 
reported an enhanced work hardening by deformation twinning at the same strain rate 
in a coarse grained CoCrFeNiAl0.1 HEA [3]. The significant difference in the 
deformation behaviors of FCC HEAs may due to the microstructural (grain size, 
annealing conditions) or stacking fault energy (SFE) effects. To clarify the influence of 
the initial microstructure and SFE on deformation behaviors, it is necessary to design 
experiments where we can separate each contribution from overall effects. In this study, 
we have investigated the microstructure effects on deformation behaviors of a 





Ingots with nominal compositions of CoCrFeNiAl0.1 (Table 1, the number in the 
subscript is in atomic portion) were prepared by induction melting high purity metallic 
elements with purity better than 99.9% in a high-purity argon atmosphere. The as-cast 
rods with a diameter of 10 mm were homogenized at 1200 ℃ for 12 h and then hot 
forged into a plate by a 50% height reduction, the hot-forged plate was further annealed 
at 800 ℃ for 1 h to promote recrystallization and remove possible defects from 
forging process. The plates were cut into a rectangular cuboid with a thickness of 4.4 
mm suitable for cold rolling. Cold rolling was conducted by a pilot plant mill to a final 
thickness of 0.5 mm through multi-passes, the samples were repeatedly cooled by 
dipping into liquid nitrogen and hold for 2 min before each rolling. Mechanical 
properties were measure by a Shimazu universal testing machine, dog-bone shaped flat 
samples with a gauge size of 11×2.0×1.0 mm were used for uniaxial tension test with 
an engineering strain rate of 0.005 s
-1
. The grain distribution of the samples was 
characterized by field emission high resolution scanning electron microscopy (SEM) 
with an electron backscattered diffraction (EBSD) detector (JEOL JIB-4600F). The 
grain size distribution of the ultrafine grains contain high density of annealing twins, 
the twin boundaries are included for the grain size calculations, while the grain size of 
the nanocrystalline HEAs are averaged on at least 200 measurements by counting the 
number of grain boundaries intersecting a straight line. The electron transparent foils 
for transmission electron microscopy (TEM) characterization were prepared by a 
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twin-jet electrochemical polisher using a 10 vol. % nitric acid electrolyte at 25 V and 
operated at liquid temperature. The TEM observations were performed by a JEOL 
JEM-2100F microscope equipped double spherical aberration correctors for probe 
forming and image forming lenses. HAADF-STEM images were acquired using an 
annular-type detector with a collection angle ranging from 100 to 267 mrad, while 
bright ﬁeld (BF) STEM images were simultaneously recorded using a STEM BF 
detector. X-ray diffraction (XRD) measurements were performed using Rigaku Small 
Lab machine with a scanning rate of 0.01degree/step. 
 
 
5.3 Results and discussion 
5.3.1 General microstructure of as-annealed and as-rolled alloys. 
Figure 1a shows X-ray diffraction pattern of the as-annealed CoCrFeNiAl0.1 HEA, 
all the diffraction peaks are identified by an face-centered cubic (FCC) structure with 
lattice parameters of α = β = γ = 90°, a = b = c = 3.576 Å . Close inspection of 
individual peaks reveals no peak splitting and shouldering, complimentary transmission 
electron diffractions and high resolution TEM observations (not shown here) suggest a 
single phase without phase separation. The color-coded grains by SEM-EBSD show a 
polycrystalline structure (Figure 1b) with high density of annealing twins (Figure 1c). 
Figure 2a shows bright-field (BF) TEM image of the microstructure in the as-rolled 
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alloys, a high density of defects are identified. The inset electron diffraction pattern 
shows pronounced textures ( *110+ < 112 >, *111+ < 112+  and *110+ < 001 > ), 
which appear similar to the textures observed in austenitic 310S stainless steel having a 
low stacking fault energy [5]. Atomic scale high resolution TEM observations reveal a 
high density of nano-twins in the as-rolled alloys (Figure 2 b-d), which further verify 
the dominant *111+ < 112+ texture (twin-matrix lamellae) observed in the diffraction 
pattern (Figure 2a inset image).  
 
5.3.2 Microstructural changes resulting from annealing 
To estimate the minimum temperatures required for annealing, the as-rolled 
samples were annealed at temperatures from 100℃ to 800℃ for 1 h. Figure 3a 
shows X-ray diffraction patterns of samples annealed at different temperatures, from 
the spectra, the broadened 111 and 220 peaks (indication of texture) in the as-rolled 
samples become increasingly sharp in their intensity, while the diffused 200 and 311 
peaks gain their intensity after high temperature annealing, as shown in Figure 3b. In 
particular, a clear intensity increase is seen at temperatures between 500℃ and 550℃, 
implies that a detexturing process occurred during annealing. The clear intensity 
changes of the 200 and 311 peaks suggest that temperatures above 500℃ will be 
suitable for annealing experiments. Figure 4a represents HAADF-STEM image of the 
as-rolled sample annealed at 400 ℃  for 1 h, although no recrystallization was 
observed at this temperature, consistent with X-ray diffraction results; a high density of 
 89 
dislocation cell structures with an average size of about ~60 nm is seen, in which the 
bright contrast represent dislocation cell boundaries that strongly scatter the incident 
electrons into a high angles (>100 mrad), the contrast formulism is diffuse scattering, 
which is also known as Huang scattering [6]. The high density of dislocation cell 
structures is a strong indication of high dislocation mobility in the recovery stage. 
Figure 4 b-d show BF-STEM images of the samples annealed at 500 ℃ and 550 ℃, 
with annealing temperature increased to 500 ℃ , dislocation mobility is further 
improved and grains of about ~100 nm can be obtained (Figure 4b, 4e), slightly 
increase the temperature up to 550 ℃ lead to abnormal grain growth (AGG, Figure 4c) 
and also a slight increase in grain size (Figure 4f), with increasing annealing time (550 
℃, 1 h 8 min) dislocation density in the grains reduces and fine dislocation-free grains 
(arrowed) are produced (Figure 4d), these dislocation-free grains are found to 
contribute to plasticity in the annealed samples (Figure 6d,curve D). High resolution 
EBSD images of the sample annealed at 550 ℃ for 1 h 8 min are shown in Figure 5 
a-d, bimodal ultrafine grains with a grain size distribution ranging from ~200 nm to 5 
 m are present; the broad distribution of grain size is a result of introduction of 
inhomogeneous strain distribution during rolling. Enlarged zoom-in view images of the 
regions containing fine grains (FG) and ultrafine grains (UFG) are shown in Figure 5 
b-d, respectively. A high density of annealing twin boundaries (TBs) with 
Σ3 (111)60° type structure can be identified (the TBs are coded in red color). Figure 
5e shows BF-TEM image of a multiply-twined grain with several dislocations inside, 
atomic scale HR-TEM observations confirmed the TBs is Σ3 type (Figure 5f inset 
 90 
image), which is consistent with EBSD characterizations.  
5.3.3 Tensile properties 
Room temperature tensile tests were performed on a Shimazu universal testing 
machine with an average engineering strain rate of 0.005 s
-1
. Figure 6a and Figure 6b 
represent engineering strain stress curves of the as-rolled sample and the samples after 
annealing. The ultimate tensile strength (σUTS) of the as-rolled sample (1.48 GPa in 
curve A) increases to 1.67 GPa after annealing at 500 ℃ for 1 h (curve B) that 
correspond to the nanocrystalline structure in Figure 4b, suggest that the 
nanocrystalline HEA has a highest strength value compared to as-rolled sample, while it 
also suffer from very limited ductility as in conventional nanocrystalline metals. 
Further increase the annealing temperature to 550 ℃ reduce the strength to 1.2 GPa but 
still shows very limited ductility as well (curve C), this is due to the fact that presence 
of only a limited number of grains that are free of dislocations can accommodate plastic 
deformation. Interestingly, a significant enhancement of ductility (curve D) occurs by 
extending the annealing time from 1 h to 1 h 8min at 550 ℃, the strength and ductility 
show inversed relationship as shown in curve E, F and G, which can be described by 
Hall-Petch relationship. Figure 6c and Figure 6e represent true strain stress curves of 
the as-annealed sample (curve U) and the as-rolled samples annealed at 580 ℃ and 600 
℃, the curves are converted from engineering strain stress curves, the corresponding 
strain hardening rate derived from true strain stress curves ,defined as first derivative of 
true stress over true strain, 𝑑𝜍/𝑑𝜀), are shown in Figure 6d and Figure 6f respectively 
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(The early annealed samples failed immediately after yielding and were not shown in 
the strain hardening plots, curve H and Q). From the plots, it is clear that an enhanced 
ductility together with a loss of yield strength is seen with increasing annealing 
temperature and time, while the strain hardening curves exhibit small peaks (arrowed) 
at the early stages of annealing, the peak is particularly strong in curve V and vanished 
in curve P, the peak positions are roughly constant at 580 ℃ (curve M, N and O) 
while gradually shift to higher strain positions at 600 ℃ (curve V, W and X). To 
verify the origin of the slightly enhanced strain hardening observed in the early 
annealed samples, the microstructure of the samples before and after tensile tests were 
observed by high resolution STEM. Figure 8a and Figure 8b represent high BF-STEM 
images of the sample annealed at 600 ℃ for 20 min and 1 h, it is clearly seen that a 
high density of dislocations inherited from cold rolling are significantly reduced by 
increasing annealing time. High resolution HAADF-STEM observations (Figure 8c) 
show the microstructure of the fractured sample (600 ℃ , 20 min) consist of high 
density of dislocations and TBs, fine inspection the TBs suggest that they are annealing 
twins rather than deformation twins, the strong reaction of dislocation and TBs can be 
clearly seen in the inset image. The higher contrast in the inset HAADF-STEM image 
also suggests that a higher dislocation density is reached in the nano-twins regions. The 
above microstructure characterizations suggest that either prior dislocation density or 
twin density (decrease with increasing annealing temperature and time) may play a 
critically important role in the slight enhancement of strain hardening of the early 
annealed samples.  
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In contrast to the strain hardening curves in P and X for the fine-grained (FG) 
samples, the coarse-grained (CG) as-annealed sample (Figure 1) exhibit a significantly 
different strain hardening behaviors (curve Y), for the ease of interpretation, the curve 
is separated into four stages (Figure 7a), denoted as A, B, C, D and are coded with 
purple, red, green and blue colors, respectively (note the labeling of the strain 
hardening stages must not be confused with the classical stages for hardening in single 
or polycrystals). Interestingly, the observed hardening stages are highly consistent with 
what has been observed in the low SFE FCC metals with CG structure (high manganese 
TWIP steel [7], 70/30 brass [8] and Cu-Al alloys [9][10]). Figure 8 d-f demonstrates 
HAADF-STEM images of dislocation structures in the as-annealed CG sample strained 
to 0.04, 0.09 and 0.43 true strains. At early stage of straining, dislocation substructures 
without nano-twins are observed (a), with further straining to 0.09 true strain, the 
morphology of dislocation substructures changed to blocks consisting of high density of 
dislocations, these blocks boundaries are commonly referred to as highly dense 
dislocation walls (HDDWs) [7], as indicated by arrows in (b), the HDDWs are formed 
along two {111} slip planes, implying an activation of multiple glide systems. Apart 
from dislocation substructures, a distinct feature observed at this stage is nano-twins. 
The spacing of nano-twins reduces with increasing strains and secondary twins (STs) 
are produced inside the primary twins, as shown in Figure 9a and Figure 9b, which 
correspond to a true strain 0.43. The twin nature can be verified by selected area 
electron diffractions (Figure 9c) as well as high resolution TEM observations (Figure 
9d). At this stage, beside the HDDWs, the dislocation structures are found to arrange 
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into dislocation cells (DCs) (arrowed), as shown in Figure 8f. High resolution EBSD 
observations also reveal that deformation twinning is prevalent in all grains, 
independent of their crystallographic orientations (true train 0.43) (Figure 10 a and 
Figure 10b), Cho KC et al suggested that similar strain hardening behaviors was 
observed in the CG CoCrFeNiAl0.1 HEA both at high and low strain rates [3], indicate 
an intrinsic low SFE nature. It is worth noting that the deformation twins are not 
formed by dynamic effect that is seen in high SFE metals by the application of high 
strain rate, as the strain rate of the tension test is relatively low (0.005 S
-1
) and 
deformation twins are not observed in the (U)FG samples.  
 
5.3.4 Annealing and grain size effect on strain hardening behaviors 
The strain hardening behaviors in the current HEA are both annealing and grain 
size dependent. Firstly, a slightly enhanced strain hardening is observed in the early 
annealed (U)FG samples (Figure 6d and Figure 6f). High resolution STEM 
observations show that deformation twinning is not responsible for the slightly 
enhanced strain hardening, we speculated that either prior dislocations or twin densities, 
which reduces with increasing temperature and time, is associated with the observed 
strain hardening peaks (Curve M, N O and V, W, X), however, the detailed 
mechanisms have not been well documented, which deserves more detailed 
microstructure study. Possibly, the nano-twin substructures provide extra work 
hardening source for the deformation, as suggested in Figure 8c, the high density of 
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dislocations are stored inside the nano-twined regions.  
Further increase the annealing time or temperature give rise to typical strain 
hardening curves (curve P) that are usually seen in metals with medium and high SFE 
[11], or even in low SFE metals with fine grains [12]. However, among the low SFE 
metals, the strain hardening behaviors of current FG HEA is more close to the one that 
was reported in low SFE Fe-22Mn-0.6C (wt. %) steel [12], while in 70/30 brass with 
low SFE, the strain hardening rates in the (U)FG samples are higher than in the CG 
samples, see Figure 8 in Ref. [10]. The high strain hardening rate in the FG samples can 
be explained on the basis of reduced dislocation mean free path (slip length) in the FG 
samples. In contrast to an decrease in the strain hardening rate in the CG sample (curve 
Y), a rapid increase in the strain hardening of the (U)FG samples immediately after 
yielding is observed, which implies that the reduction of mean free path by annealing 
nano-twins rather than by deformation twins [12]. Distinct from the (U)FG samples, the 
CG sample shows a four-stage hardening, as shown in Figure 7a. From the curve, the 
stage A is characterized by a decrease in the strain hardening rate, which appears 
similar to the stage III hardening regime observed in many high SFE metals [13], which 
implies that stage A is associated with dynamic recovery process (for example, 
dislocation annihilation of opposite signs), the critical minimum strain rate at this stage 
correspond to a 0.4 true strain (305 MPa true stress), further increase the strain result in 
stage B, which can be attributed to the formation of HDDW structures confirmed by 
TEM observations. The accumulation of HDDW cells create strong obstacles for 
dislocation gliding and further raise the stress, when the stress reach a critical value, the 
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nucleation of twins favors over dislocation, the formation of nano-twins in stage B 
further block dislocation motion, results in so-called “dynamic Hall-Petch effect”, 
which has been extensively studied in HEAs deformed at cryogenic temperatures. The 
dynamic strain hardening process saturates at 0.13 true strain (422 MPa in true stress) 
and extends to 0.16 true strain (486 MPa in true stress) by the generation of HDDWs 
and twin structures, leading to stage C. Further increase the strain saturates the 
dislocation trapping capabilities inside the nano-twined fine structures, resulting in a 
reduction of strain hardening rate (stage D), the secondary nano-twins are generated 
inside primary nano-twins, as shown in Figure 9b. At this stage, the dislocation 
substructures consist of HDDWs and DCs (Figure 8f). 
To evaluate the strain hardening of the samples with different grain size and 
annealing conditions, the yield strength components are subtracted from the true 
stresses and are plotted against true strain (Figure 7b). From the plot, the as-annealed 
CG sample clearly shows the highest strain hardening than other (U)FG samples, the 
significant enhancement of strain hardening is attributed by deformation twinning that 
started in stage B (Figure 7a). This is in line with previous investigation on a wide 
range of metals with low SFE and is reported that the initial grain size is expected to 
have a strong influence on the twinning stress in the low SFE metals. It is believed that 
larger grains give rise to a larger volume fraction of twinned regions which can reduce 
the average slip length faster than in the (U)FG samples, resulting in an increase of 
strain hardening rates in stage B.  
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5.3.5 Grain boundary strengthening efficiency 
Mechanical properties of UFG and NC HEAs is a new field yet unexplored. 
Recently, grain size down to 50 nm can be achieved in a CoCrFeMnNi HEA via severe 
plastic deformation (SPD), the SPD processed HEA shows a strength as high as 1.8 
GPa [14], the NC HEA not only exhibit a superior mechanical strength, they also suffer 
from limited ductility as in conventional NC metals. More importantly, the NC HEAs 
may also suffer from phase instability during the subsequent annealing, as shown in Ref. 
[14], the nano-scale precipitation observed in the annealed HEAs after SPD processing 
implies that the high density of GBs in the NC HEAs offer a fast diffusion pathways for 
nucleation of other phases. In spite of the phase stability problem that occurred in a few 
HEA systems, the current CoCrFeNiAl0.1 HEA exhibits high phase stability against 
annealing and in fact, no phase separation or precipitation is observed in the subsequent 
annealing, as shown in the XRD spectra (Figure 3). Although the current HEA exhibits 
a maximum tensile strength of 1.48 GPa of the as-rolled state, which is a little smaller 
than the CoCrFeMnNi counterpart (1.8 GPa), the annealed HEA with NC grains 
exhibits a maximum strength of 1.67 GPa (curve B in Figure 6), implying that NC 
HEAs have achievable high strength but also suffer from limited ductility (only 6 % for 
elongation to fracture). A significant ductility enhancement can be achieved by 
subsequent annealing process in which micro-meter sized grains are introduced to 
accommodate plasticity. Figure 11 shows summarized room temperature strength and 
ductility of current HEAs. Although weak, a concurrent improvement of both strength 
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and ductility can be achieved by a bimodal grains in the UFG HEAs (Figure 5a) [cite 
nature Wang], as indicated by arrows in Figure 11.  
To evaluate the effect of GBs on the strengthening of (U)FG HEA, Hall-Petch 
relationship is plotted (Figure 11b), the associated fitting parameters are summarized in 
Table 2 and compared with values for other FCC HEAs from literatures. From the table, 
the current HEA shows a 𝑘𝑦 value of 0.826 MPa∙m
1/2
, which is slightly smaller than 
the CoCrFeNi HEA (0.863 MPa∙m1/2) [15], possibily due to the smaller modulus by Al 
addition, similar trend can be seen in the HEA with higher concentration of Al addition 
[16], which has a value of 0.73 MPa∙m1/2 for CoCrFeNiAl0.3 HEA. In contrast, the 
CoCrFeNiMn exhibits smaller 𝑘𝑦 values than all the HEAs listed in the table [2][17]. 
The calculated critical resolved stress 𝜏𝑐 by equation 𝜏𝑐 = ,𝑘𝑦
2/(9𝑚2𝜋𝑚𝑠𝐺𝑏/2𝛼)- 
(the physical meanings and values for these parameters are listed in Table 3) suggest a 
value of 198.69 MPa for polycrystalline CoCrFeNiAl0.1 HEA, which is many times 
higher than FCC metals (see Table 3 in Ref. [18]), implying that GB strengthening is 




In this paper, we have investigated the influence of microstructure on the deformation 
behaviors of a CoCrFeNiAl0.1 HEA, We draw the following conclusions: 
(1) The microstructure of the (U)FG HEAs consist of high density of annealing twins 
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by subsequent annealing of the as-rolled sample. The obtained nanocrystalline 
grains exhibit high tensile strength (1.67 GPa) but also suffer from low ductility.  
(2) The strain hardening exhibits small enhanced hardening peaks in the early annealed 
(U)FG HEAs and disappear in the samples with increasing annealing temperature 
and time, possibly due to the high density of dislocations and annealing twins in 
the pre-deformed samples. Further annealing results in strain hardening curves that 
increases rapidly at the early stage of deformation, and then decreases till fractures. 
In contrast, the strain hardening behaviors in the CG HEAs can be separated into 
four stages in which the deformation twinning occurs in stage B, the dislocation 
substructures clearly show the presence of HDDWs and minor DCs with 
increasing strains, which is commonly observed in many low SFE metals.  
(3) The high strain hardening capability in the CG HEAs is contributed by deformation 
twinning, the secondary twins occurred in the primary twins with increasing 
strains. Compared to many FCC metals, the less necking of current CG HEA 
implies that higher strain hardening rate and ductility postpone the necking 
instability by Considere’s Criterion.  
(4) The Hall-Petch coefficient of the current HEA (0.826 MPa∙m1/2) is higher than many 
FCC metals (upper-bond values,0.6 MPa∙m1/2), the calculated critical resolved 
shear stress from Hall-Petch coefficient is 198.69 MPa for polycrystalline 
CoCrFeNiAl0.1 HEA, which is also many times higher than many metals, implies a 
high GB strengthening efficiency in the current HEA.  
(5) The observed deformation behaviors in the current HEA is very similar to those 
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observed in low SFE austenite steels, brass and Cu-Al alloys, suggest that the 
current HEA has a very low SFE that is possibly lowered by addition of Al which 














Figure 1 (a) X-ray diffraction spectrum (b) Color coded EBSD image and (c) grain 














Figure 2 (a-d) Microstructure of the as-rolled CoCrCuFeNiAl0.5 HEAs by TEM 
observations; (a), BF-TEM image of the as-rolled HEA showing high density of defects, 
the inset image shows textures by deformation. (b) and (c) High resolution TEM 











Figure 3 (a) X-ray diffraction spectra of the as-rolled sample and the samples annealed 
at 100 ℃-800 ℃ for 1 h. The clear 111 and 110 textures can be seen from in the 
as-rolled sample. (b) Enlarged zoom-in view of the 200 peaks showing a clear transition 
in intensity (arrowed), suggest that crystallization temperatures falls between 500 ℃ 



















































Figure 4 (a) HAADF-STEM image of the as-rolled sample annealed at 400 ℃ for 1 h, 
showing recovered dislocation cell structures. (b-d) BF-STEM images showing 
nanostructured HEAs annealed for 500 ℃, 1h; 550 ℃, 20 min and 550 ℃, 1h 8 min, 




Figure 5 (a-d) High resolution EBSD images of the as-rolled sample annealing at  
550 ℃, 1h 8 min. The clear 011 texture together with the bimodal grain size can be 
seen in (a), grains with larger size is shown in (b, c) and smaller size in (d). The 
Σ3{111}60o annealing twin boundaries are depicted in red lines. (e) BF-TEM image 
showing a multiply-twined grain and (f) corresponding HR-TEM image of a twin 





Figure 6 (a, b) Engineering strain stress curves of the as-rolled samples annealed for 
different temperature and time (curve A-F) and of the as-annealed sample (curve G). 
(c), (e) True strain stress curves of the as-annealed sample (curve U) and as-rolled 
samples annealed at 580 ℃ and 600 ℃ for various time (curve H-L, Q-T), the 





Figure 7 (a) Strain hardening rate of the as-annealed CG sample, showing a typical 
four stages as in other low SFE metals. (b) Strain hardening component of all the 
samples (yield stress subtracted) with UFG-FG-CG structures. An increasing strain 




Figure 8 (a, b) BF-STEM images of the as-rolled samples annealed at 600 ℃ for 20 
min and 1 h, a decrease of dislocation and annealing twin density is seen. (c) 
HAADF-STEM image showing deformed dislocation structures in the 600 ℃, 20 min 
sample, the strong TB-dislocation reactions in the UFG can be seen, the inset image 
show storage of high density of dislocations in the nano-twined regions. (d-e) 
Dislocation structures in the CG as-annealed sample strain to 0.04, 0.09 and 0.43, 








Figure 9 BF-TEM images showing the presence of primary deformation twins (a) and 
secondary deformation twins (b) in the as-annealed CG sample strained to 0.43. (c, d) 






Figure 10 (a) Focused ion beam channeling image and (b) EBSD-IPF image showing 





Figure 11 (a) Scatter diagram revealing trends in the relation between the ultimate 
tensile strength and ductility in the (U)FG HEAs. (b) Hall-Petch plot depicting the 







Figure 12 (a-c) SEM images showing typical fractured surface in the CoCrFeNiAl0.1 
HEA, compared to pure Ni [15], the less necking in (a) can be seen (yellow region), (b) 







Table 1 Chemical compositions of the CoCrFeNiAl0.1 HEA (at. %). 
 Co Cr Fe Ni Al 
Nominal 24.375 24.375 24.375 24.375 2.5 
Measured by 
STEM-EDX 
23.27 26.94 24.568 22.616 2.606 
 
Table 2 Values of Hall-Petch intercepts 𝜍0 and cofficients 𝑘𝑦 of current HEA and 
HEAs from literature. 
HEA 𝜍0 (MPa) 𝑘𝑦 (MPa ∙  
1/2) 
Reference 
CoCrFeNiAl0.1 176.40 0.826 Current study 
CoCrFeNiAl0.3 171.65 0.73 [16] 
CoCrFeNiMn 1227.05 0.677 [2]  
CoCrFeNiMn 125 0.494 [17] 
CoCrFeNi 180 0.863 [15] 
 
 
Table 3 Parameters used for calculating critical resolved shear stress (𝜏𝑐). 
𝑎 (lattice constant, XRD) 3.576 Å 
𝑏 (Burger’s vector) 2.528 Å 
𝑚 (Taylor factor) [19] 3.06 
𝑚𝑠 (Sachs orientation factor) [20] 2.238 
𝐸 (Young’s modulus, S-S curve) 216.34 GPa 
𝜗 (Poission’s Ratio) [15] 0.28  
𝐺 (Shear modulus) 84.51 GPa 
𝛼 (Dislocation character angle) 1.8432 
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Chapter 6 Mechanical properties of high entropy 
alloys with face-centered cubic crystal structures 
Abstract 
Tensile tests on two groups of high entropy alloys (CoCrFeNi and CoCrFeNiAl0.1; 
CoCrFeMnNi and CoCrFeMnNiAl0.1) were performed at an average engineering rate of 
0.005 s
-1
, it is found that addition of Al to the base HEAs (CoCrFeNi, CoCrFeMnNi) 
reduce 0.2 % offset yield strength and Young’s modulus, due to its large atomic size and 
low Young’s modulus compared to the rest constituent elements. A typical three-stage 
of hardening together with an enhanced strain hardening is observed in the four HEAs, 
which is contributed by mechanical twinning confirmed by high resolution electron 
backscatter diffractions as well as by (scanning) transmission electron microscopy. In 
contrast to increased strain hardening rates at stage B in Al-containing HEAs, the 
Al-free base HEAs exhibit plateau regions at stage B together with a high magnitude in 
strain hardening rates. The significant difference is attributed to the increased stacking 
fault energy by Al addition. Weak beam dark field imaging of widely-separated partial 
dislocations as well as estimation of stacking fault probability by X-ray diffractions 
suggest that all the HEAs have low SFEs and addition of Al increase the SFEs of the 




Multicomponent high entropy alloys (HEAs) having a single phase FCC crystal 
structure are complicated systems and can be considered as an extension of 
conventional concentrated solid solution alloys. However, the conventional picture of 
moving dislocations interact with solute atoms in solvent lattice break down as there is 
no clear image of either “solute” or “solvent” in concentrated solid solution alloys, or 
HEAs. Despite the complexity of the combined effects by each constituent element in 
HEAs, there still possibly exist such atoms that interact stronger with dislocations than 
the rest ones; we may then envisage such averaged or effective “solute” and “solvent” 
atoms similar to the dilute solid solutions. One example is that a recently reported 
CoCrFeNiAl0.1 HEA that exhibit intense serration flow in strain stress curves deformed 
at high temperatures [1], indicate a possible Al solute atoms interacting with 
dislocations, resulting a so-called “dynamic strain aging effect”. 
Also, mechanical properties of multicomponent HEAs show that the mechanical 
strength does not increase linearly with increasing numbers of components [2], indicate 
combinatory effects from each constituent elements need to be considered. Still, most 
of FCC HEAs reported so far exhibit high strain hardening capabilities that is possibly 
contributed by mechanical twinning [3], the enhanced strain hardening is comparably 
high as in Ni-based superalloys in which second phases contribute to the strain 
hardening [4]. The high strain hardening capacity by mechanical twinning in some FCC 
HEAs at normal strain rate suggest that stacking fault energy (SFE) for FCC HEAs 
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must be very low, similar to those observed in low SFE metals [5-9]. To understand the 
solid solution and SFE effects in HEAs, we have carefully designed two groups of 
HEAs by considering the solute effect on deformation behaviors, using aberration 
corrected high resolution scanning transmission electron microscopy, weak beam dark 




Ingots with nominal compositions of CoCrFeNi, CoCrFeNiAl0.1, CoCrFeMnNi and 
CoCrFeMnNiAl0.1 (Table 1, the number in the subscript is in atomic portion and for the 
ease of interpretation, the CoCrFeNi, CoCrFeNiAl0.1, CoCrFeMnNi and 
CoCrFeMnNiAl0.1 HEAs are termed as HEA-4, HEA-4Al, HEA-5 and HEA-5Al, the 
numbers in the name refer as the number of components of the base alloys, while “Al” 
refer as adding Al to the base alloys (HEA-4 and HEA-5).) were prepared by induction 
melting high purity metallic elements with purity better than 99.9% in a high-purity 
argon atmosphere. The as-cast rods with a diameter of 10 mm were homogenized at 
1200 ℃ for 12 h and then hot forged into a plate by a 50% height reduction, the 
hot-forged plate was further annealed at 800 ℃ for 1 h to promote recrystallization 
and remove possible defects from forging process. The plates were cut into a 
rectangular cuboid with a thickness of 4.4 mm suitable for cold rolling. Cold rolling 
was conducted by a pilot plant mill to a final thickness of 0.5 mm through multi-passes, 
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the samples were repeatedly cooled by dipping into liquid nitrogen and hold for 2 min 
before each rolling. Mechanical properties were measure by a Shimazu universal 
testing machine, dog-bone shaped flat samples with a gauge size of 11×2.0×0.95 mm 
were used for uniaxial tension test with an engineering strain rate of 0.005 s
-1
. The grain 
distribution of the samples was characterized by field emission high resolution scanning 
electron microscopy (SEM) with an electron backscattered diffraction (EBSD) detector 
(JEOL JIB-4600F); the twin boundaries are included for the grain size calculations. 
Sharp tip specimens for atom probe tomography (APT) were made by electrochemical 
micro-polishing and followed by focused ion beam annular milling (JIB-4601F, JEOL). 
The finished tip profiles were examined by scanning electron microscopy (SEM) for 
APT reconstruction. The data acquisition was performed by using a local electrode 
atom probe (LEAP 4000HR) equipped with an energy-compensated reflectron by 
which the mass resolution can be greatly improved. The APT acquisition temperature 
was set at ~50k and the pulse frequency and pulse fractions were 200 kHz and 20%, 
respectively. CAMECA Integrated Visualization and Analysis Software (IVAS 3.6.6) 
package was used for the data process and three-dimensional (3D) atomic 
reconstruction. The electron transparent foils for transmission electron microscopy 
(TEM) characterization were prepared by a twin-jet electrochemical polisher using a 10 
vol. % nitric acid electrolyte at 25 V and operated at liquid temperature. The TEM 
observations were performed by a Philip CM12 microscopy and by a JEOL JEM-2100F 
microscope equipped double spherical aberration correctors for probe forming and 
image forming lenses. HAADF-STEM images were acquired using an annular-type 
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detector with a collection angle ranging from 100 to 267 mrad, while bright ﬁeld (BF) 
STEM images were simultaneously recorded using a STEM BF detector. X-ray 
diffraction (XRD) measurements were performed using Rigaku Small Lab machine 
with a scanning rate of 0.01degree/step. 
 
 
6.3 Results  
6.3.1 Initial microstructures 
Figure 1 a-d shows EBSD-IPF (inverse pole figure) images of the four 
as-annealed HEAs; the equiaxed grains in the four HEAs contain numerous twin 
boundaries, as shown in the grain boundary maps in Figure 1 e-h. Figure 2 a-d show 
grain size spectra of the four HEAs obtained by counting areas of hundreds of grains 
with twin boundaries (TBs) included for analysis, although the four alloys are 
processed at the same conditions, their grain size exhibits a slight difference, the 
four-component HEAs show slightly larger grain size distribution than five-component 
HEAs, possibly due to either a less storage of deformation energy or a lower 
recrystallization temperature of the four-component HEAs than five-component HEAs. 
However, the recrystallization temperatures of four-component HEAs are higher than 
five-component HEAs, which can be estimated from the melting temperatures Tm (in 
proportional relationship), Tm (HEA-4)=1695 K, Tm (HEA-5)=1553 K [2], suggest that 
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recrystallization temperature may not be the primary factor for the slight grain 
coarsening. In contrast, each group of HEAs exhibit very similar grain sizes, indicate 
that Al addition has a negligible effect on grain morphologies. The X-ray diffraction 
patterns of the four HEAs exhibit single phase feature and can be indexed by a 
face-centered cubic crystal structure (Figure 3), with their lattice parameters 
summarized in Table 2, while the Brag peak positions exhibit a slight shift to lower 
scattering angles with increasing number of components and with Al additions, indicate 
a possible lattice expansion. The calculated lattice constants by each diffraction peaks 
(111, 200 and 220) in the spectra display a clear lattice expansion (curve A to D) by Al 
addition (Figure 4), suggest a linear lattice distortion in multicomponent HEAs. The 
contrast enhanced transmission electron diffraction patterns (TEDPs) from <011>fcc 
and <001>fcc zone directions also reveal no long range chemical ordering in the four 
HEAs (Figure 5a, 5b), suggested by no additional diffraction spots in the TEDPs, 
which is in line with HR-TEM observations (Figure 5c), Figure 6 a-c represent atom 
probe analysis of the HEA-4Al, the reconstructed atom maps of the constituent 
elements appear to distributed homogeneously in the real space (Figure 6a), the 
compositional analysis of each elements from a selected rectangular box reveal a 
concentration of Al (~2.5 at.%), Co, Cr and Ni (~24 at.%), while Fe has a slightly 
higher concentration (~25 at.%) than Co, Cr and Ni (Figure 6b). Statistical analysis of 
the atom probe dataset by frequency distribution analysis reveals that experimental 
measured values (solid curve) follow a binomial distribution patterns (dash and solid 
curve), which represent a typical randomized distribution of atoms (Figure 6c), implies 
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that there is no long range ordering, phase separation in the HEAs.  
6.3.2 Tensile properties 
Tensile test of the four HEAs were done at room temperature and at an average 
engineering strain rate of 0.005 s
-1
, each alloys were tested four times for estimating the 
error bars. Figure 7 shows engineering strain stress curves of the HEA-4, HEA-4Al, 
HEA-5 and HEA-5Al. Although all the HEAs exhibits high tensile ductility (> 50 % in 
engineering strain), the addition of Al appears to reduce the ductility by 10 % in the five 
component HEAs and 7 % in the four component counterparts (in engineering strain), 
while the 0.2 % offset yield strength show very similar values of the four HEAs. Close 
examination of the four HEAs reveals that the HEA-4Al and HEA-5Al has a slightly 
smaller average values in both 0.2 % yield strength and young’s modulus, as shown in 
Figure 8a and Figure 8b. In addition to the slight difference in yield strength and 
young’s modulus, the significantly interesting features of the four HEAs lies in the 
strain hardening behaviors, as shown in Figure 9, the strain hardening curves of the 
four HEAs are derived from true strain stress curves (not shown here) converted from 
engineering strain stress curves and then normalized by shear modulus (G), which can 
be found in Ref. [2], note although a slight difference by Al addition in the Young’s 
modulus is observed, the small difference may only result in a slight difference in shear 
modulus by magnitude as the Poisson’s ratio of the HEA-5 and HEA-4 lies between 
0.26 and 0.28 (Ref. [2])), thereby the effect of Al on shear modulus can be neglected in 
normalizing the strain hardening curves. In Figure 9, the strain hardening rates as a 
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function of true strain are shown, generally, the enhanced strain hardening rates (SHR) 
are seen in all the HEAs, which is in contrast to a gradual decease of SHR that has been 
observed in FCC metals with medium and high SFE. In fact, the observed SHR curves 
of the four HEAs are very similar to those observed in FCC metals with low SFE, such 
as Fe-Mn-C austenite steel [5][6], Brass [7][8] and even Cu-Al alloys [9]. Although 
broadly share similar features, the current SHR curves exhibit three typical strain 
hardening stages, denoted as A, B and C, which is different from other low SFE metals 
for which a typical five-stages strain hardening are observed [6][7]. Most importantly, 
the addition of Al impact the strain hardening rates significantly, in particular, the 
Al-free HEA-4 and HEA-5 exhibits a plateau region in stage B, while the Al-containing 
HEA-4Al and HEA-5Al displays an increasing SHR in stage B. The stage B in HEA-4 
and HEA-5 extend from 0.089 to 0.124, 0.071 to 0.213 true strains, respectively. While 
the stage B in HEA-4Al and HEA-5Al are much shorter than in the Al-free HEAs, the 
summarized critical true strain for each stages are listed in Table 3. In addition to stage 
B, the SHRs of the end of stage A in HEA-4Al and HEA-5Al reduce significantly 
compared to HEA-4 and HEA-5, following a descending sequence of HEA-4, HEA-5, 
HEA-4Al and HEA-5Al, respectively.  
 
6.3.3 Deformed microstructures 
Figure 10 a-c shows representative deformed microstructure of HEA-4 strain to 
0.14 true strains, which correspond to stage C in Figure 9. From the BF-TEM image in 
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Figure 10a, the presence of high density of mechanical twinning is seen, which can be 
confirmed by TEDP (b) in as well as by HAADF-STEM observations (c), similar 
deformed microstructures with mechanical twinning are also observed in other HEAs, 
implies that mechanical twinning is responsible for the enhanced SHRs in all the HEAs. 
The twined regions becoming increasingly large with increasing strain levels and can be 
easily detected by high resolution EBSD characterizations, as shown in Figure 11 a-d, 
the presence of high density mechanical twins are observed in all the HEAs, the 
mechanical twins are present in almost every grains, irrespective of their 
crystallographic orientations, an enlarged zoom-in view of the twined regions in 
HEA-4Al is shown in Figure 11e, 11f, with the TBs depicted in black lines in 
EBSD-IPF image (11e) and red line in EBSD-IQ image (11f), respectively. The 
misorientation angles calculated from EBSD images demonstrate that the TBs has a Σ3 
structure (which is in line with HAADF-STEM observations in Figure 10c) as well as 
low angle grain boundaries (LAGs, <15°).  
The significant strain hardening difference in magnitude in stage A is realized by 
investigating the deformed microstructures of HEA-4 and HEA-5Al, which correspond 
to the highest and lowest SHRs in the four HEAs. Figure 12 a-d represent two beam 
BF-STEM images of dislocation structures in HEA-4 and HEA5Al strained to xx% true 
strain. The similar image contrast of the images under two beam conditions suggests a 
roughly similar sample thickness in the two samples; the images clearly show the 
dislocation density is relatively higher in the HEA-4 and lower in the HEA-5Al. The 
difference in the dislocation density can well explain the difference in the SHRs of the 
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two samples. In addition to dislocation density, the dislocation glide behaviors of the 
two samples clearly demonstrate that dislocation cross-slip is more prevalent in the 
HEA-4 compared to HEA-5Al, as shown in (c) and (d), the dislocation gliding in the 
HEA-5Al is more constricted to {111} planes at the early stage of deformation, while in 
(a) and (b), dislocations are much easier to cross-slip onto other {111} planes. The 
difference of the dislocation slip behaviors may possibly lie in the SFE difference, 
which will be detailed later.  
 
 
6.4 Estimation of stacking fault energy 
6.4.1 Weak beam dark field imaging of partial dislocations 
TEM observations of the two partial dislocations bounding an intrinsic stacking 
fault ribbon were performed using a Phillip CM12 microscope equipped with a Gatan 
SC200D Orius charge-coupled device camera (CCD), the advanced CCD enable the 
imaging of dislocations with low intensity in the WBDF mode by extending the 
exposure time up to 10 s with limited sample drifting. The WBDF imaging of partial 
dislocations were employed by using g=<220>-type operational vectors near <111> 
zone directions. Only dislocations residing on {111} planes normal to <111> directions 
can possibly be imaged to reveal two partials. To ensure a good spatial resolution 
enough to reveal two partials, the g=<220>-type vectors in the two-beam conditions 
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were weakened and tilted to the center optical axis (minimize the phase error from 
possibly aberrations) and with 3g excited (g/3g condition), reversed g conditions were 
frequently used for differentiate dislocation dipoles from partial dislocations [10]. The 
diffraction condition results in a deviation parameter 𝑆𝑔=0.15 nm
-1
nd 𝑤=𝜉𝑔 ∙ 𝑆𝑔=12.4, 
where 𝜉𝑔 is the excitation distance. Figure 13 a-d display WBDF imaging of partial 
dislocations in HEA-4 (a-c) and HEA-5Al (d) deformed to yield point (YP). Although 
the actual dislocation cores of each partial dislocation are not equivalent to intensity 
peaks in the WBDF images due to the presence of asymmetric strain field inside and 
outside the partials, thereby extra corrections need to be made to determine the actual 
partial separation distances [11]. From the WBDF images, the separation distances in 
the HEA-4 (3.8 ~ 11.94 nm) is slightly narrower than in the HEA-5Al (7.54 ~ 12.44 
nm), dependent on their dislocation character angles. The widely separated dislocations 
imply a low SFE of the four HEAs, the comparable separation distances with high Mn 
TWIP steels [12] suggest low to medium SFEs.  
 
6.4.2 Estimation of stacking fault probability by X-ray diffraction 
Another approach of evaluating stacking fault energy is to estimate SF probability 
(α) by X-ray diffractions. The detailed procedures are referred to Ref. [13] as well as 
[14]. This approach involves measuring the peak separation distance of the X-ray 
diffraction spectra of the as-annealed and as-deformed samples. As shown in Figure 
14a, the severely deformed samples show a pronounced {111} and {110} textures. The 
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actual positions of 111 and 200 peaks the as-deformed samples (Figure 14a) and the 
as-annealed samples (Figure 3) are summarized in Table 4, the peak separations of the 
111 and 200 peaks is temperature dependent and are shown in Figure 14b, which is 
obtained by an isochronal annealing of the as-deformed HEA-1Al for 1h at 
temperatures up to 800 ℃. A clear increase of peak separation distance is seen at 
temperatures between 400 ℃ and 600 ℃, indicate a recovery process by annealing. 
The general trends of the Figure 14b suggest the validity of our method. Using the 
appropriate constants from a similar low SFE metal Brass, the peak separation distances 
can be directly related to stacking fault probability (α) by the following equations:                   
                                                ∆(2𝜃200 − 2𝜃111) = −𝑘𝛼                         (1) 
                 𝑘 = (−90√3α)(tanθ200/2 + tanθ111/4)/𝜋
2          (2) 
The estimated α values for the four HEAs are listed in Table 3, the 1/α values of 
each HEA, 170, 73, 122, and 50, implies that for every 170, 73, 122 and 50 (111) 
stacking layers, averagely there is a stacking fault. Estimation of SFE from stacking 
fault probability can be referred by the following equation [14]: 
                         γ = √2𝐺111𝐾111𝑏𝑝𝜔0〈𝜀50
2 〉111/𝜋𝛼              (3) 
where γ is the stacking faul;t energy, 𝐺111 is the shear modulus in the (111) fault 
plane and equals 
1
3
(𝐶44 + 𝐶11 − 𝐶12) , where 𝐶𝑖𝑗  are elastic stiffness coefficients, 
〈𝜀50
2 〉111 is the rms microstrain in the [111] direction averaged over a distance of 50 Å 
and 𝐾111  is a constant relating the dislocation density and the rms microstrain, 𝑏𝑝 is 
the partial Burgers vector and equals 𝑎0/√6, where 𝑎0 is the lattice constant of FCC 
crystals, 𝜔0 is the correction factor to 𝐾111 due to Eleatic anisotropy by dislocation 
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interactions on intersecting 111 planes. Assume that the above parameters are roughly 
the same for the four HEAs; the 1/α values strongly suggest that the Al addition 




6.5.1 Solid solution effects by Al addition 
Much of the solid solution effects in concentrated FCC solid solution alloys are yet 
explored, in particular, the multicomponent HEAs with FCC crystal structures having 
equiatomic or near equiatomic atomic ratios destroy the conventional concept of “solute” 
and “solvent” in the dilute solid solutions. Recently, George E P et al studied the 
temperature effect on mechanical properties of equiatomic multicomponent solid 
solution alloys and concluded that the stronger alloys are not necessarily the ones with 
the most elements [2], this may imply that consideration of both size and modulus 
effects in the strengthening or softening, like in the conventional dilute solid solutions, 
need to be evaluated. As comparing concentrated solid solution alloys with different 
component numbers usually yield results that are too complicated to interpret. To study 
the concentrated solid solution alloys, it is necessary to design experiments where we 
can decouple the effects from component numbers and atom species. In this study, we 
carefully designed two groups of HEAs by fixing the number of component and by 
 128 
adding a slight amount of Al (0.1 part in atomic ratio), for the purpose of study alloying 
effects on mechanical properties as well as deformation behaviors by Al addition, 
thereby we can view the HEA-4 and HEA-5 as the base alloys and corresponding atoms 
are termed “solvent”, while the added Al can be viewed as “solute”. In this sense, the 
so-called solute-solvent pictures fall into the conventional dilute solid solution regime. 
As depicted in Figure 8, the additions of Al to the base HEAs clearly show a general 
trend of decrease in both yield strength and young’s modulus (the grain size effect on 
yield strength are neglected as each groups of HEAs have roughly the same grain size 
distributions). In fact, the Al dilate the FCC lattice by its large atomic size (140 pm, 
Table 5), as shown in Figure 4, the lattice dilation is coupled with lower young’s 
modulus also by Al atoms (also see Table 5). The combinatory effects of atomic size 
and modulus difference by Al addition gives smaller yield strength (normally, yield 
strength scales with its modulus). In addition, the yield strength difference in the 
HEA-5 is significantly smaller (0.3 %) than in the HEA-4 (9.5 %), which is in line with 
earlier results that Al has insignificant effect on hardness [16], the combinatory effect 
by both Mn and Al need further investigation.  
 
6.5.2 SFE effect on deformation behaviors 
Estimation of SFE by WBDF imaging of partial separation distances reveals that 
all the HEAs in the current study exhibits low SFE, the deformation behaviors of the 
as-annealed HEAs with coarse-grained structure clear demonstrate the formation of 
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high density of mechanical twins with increasing strains, the so-called “dynamic 
Hall-Petch” effect enhance the strain hardening in HEAs with low SFE. In fact, the 
mechanical twinning is found irrespective of strain rate, as demonstrated in a 
CoCrFeNiAl0.1 HEA with similar composition [3], the strain hardening behaviors are 
exactly the same as we observed in the current HEA-4Al and HEA-5Al, with typical 
three stages (Figure 9). However, compared to increased SHRs in stage B in the 
Al-containing HEAs, the Al-free HEAs exhibit plateau regions with higher magnitude 
in SHRs (stage B) than in the Al-containing HEAs (Figure 9). The significant 
difference in the magnitude, particularly at the beginning of stage B and at the end of 
stage A, implies that the number of work hardening sources by dislocation reactions is 
larger in the Al-free HEAs than in the Al-containing HEAs, which is verified by STEM 
observations (Figure 12) (note at this stage, neither stacking faults nor twins are 
observed). The difference in the dislocation density, as shown in Figure 12a and 12c, is 
largely dominated by cross-slip, the dislocations in the HEA-4 is much easier to 
perform cross-slip than dislocations in HEA-5Al, in which a more planar dislocation 
gliding is observed. This is possibly due to the development of short range ordering and 
clustering that assist the planar slip by Al additions (Figure 14). In addition, the 
addition of Al increase the SFE and decrease the strain hardening rate, which is in 




In this paper, we have investigated the influence of Al addition on the deformation 
behaviors of HEAs with single phase FCC structures, we draw the following 
conclusions: 
(1) The addition of Al with large atomic size dilate the FCC lattice, resulting in a 
decrease in both yield strength and Young’s modulus (the Al is less effective in 
five-component HEAs, the yield strength decrease only by 0.3 %). The Young’s 
modulus is a result of interatomic bonding (small Young’s modulus of Al) and 
usually the yield strength scales with Young’s modulus. 
(2) The widely separated partial dislocations by WBDF imaging indicate low SFEs of 
the four HEAs. The estimation of stacking fault probability by X-ray diffractions 
line profile analysis also suggests that Al can effectively increase the SFEs of the 
base HEAs.  
(3) The more popular dislocation glide in Al-containing HEAs is possibly assisted by 
short range ordering and clustering. 
(4) The addition of Al decrease the strain hardening rate and seems to delay the 









Figure 1 (a-d) EBSD-IPF images of the as-annealed HEA-4, HEA-4Al, HEA-5 and 








Figure 2 (a-d) Grain size distributions of the four HEAs obtained by EBSD 










Figure 3 X-ray diffraction patterns of the four HEAs, all the diffraction peaks can be 













Figure 4 Calculated lattice constants of the four HEAs using 111, 200 and 220 Brag 










Figure 5 Representative transmission electron diffraction patterns along <011>fcc and 
<001>fcc zone directions (a) and high resolution TEM image (b) displays no long 






Figure 6 Representative three dimensional atom probe analysis of the HEA-4Al. (a) 
Reconstructed atom maps of Fe, Cr, Co, Ni and Al. (b) Compositional analysis from a 
rectangular box region. (c) Frequency distribution analysis of each elements displaying 












Figure 7 Engineering strain stress plots of the four HEAs tested at an average 






















Figure 9 Strain hardening rates derived from true strain stress curves, a typical three 











Figure 10 (a) BF-TEM image showing mechanical twinning in HEA-3 strained to 0.14 
true strain, (b) Electron diffraction pattern displaying the matrix-twin orientation, and 





Figure 11 (a-d) EBSD-IPF images of the HEAs deformed to fracture displaying high 
density of mechanical twins irrespective of their grain orientations. (e) and (f) 
EBSD-IPF and EBSD-IQ images of an enlarged region in (b), displaying mechanical 
twins that are depicted in black lines (e) and red lines (f). (g) Misorientation angle map 







Figure 12 Two beam BF-STEM image of the dislocation structures in the HEA-4 (a, b) 
and HEA-5Al (c, d) strained to 0.05 true strain. The significant difference of the 
dislocation slip behaviors can be seen. The more dislocation cross-slip is seen in 







Figure 13 WBDF imaging of partial dislocations in HEA-4 and HEA-5Al deformed to 







Figure 14 (a) X-ray diffraction spectra of HEAs deformed to 89% engineering strain at 
liquid nitrogen temperature. (b) Peak separation distance of the 200 and 111 peaks as a 




Table 1 Nominal composition of the four HEAs (at. %) 
 Co Cr Fe Mn Ni Al 
CoCrFeNi HEA-4 25 25 25 - 25 - 
CoCrFeNiAl0.1 HEA-4Al 24.375 24.375 24.375 - 24.375 2.5 
CoCrFeMnNi HEA-5 20 20 20 20 20 - 
CoCrFeMnNiAl0.1 HEA-5Al 19.6 19.6 19.6 19.6 19.6 2 
 
Table 2 Lattice constants for FCC crystal structure (a = b = c, α = β = γ = 90°) 
estimated from X-ray diffractions. 
 CoCrFeNi CoCrFeNiAl0.1 CoCrFeMnNi CoCrFeMnNiAl0.1 
a (b = c)  3.567 Å 3.576 Å 3.592 Å 3.605 Å 
 
Table 3 True strains for each hardening stages of the four HEAs 
 
Stage A Stage B Stage C 
CoCrFeNi ~0.089 0.089~0.124 0.124~ 
CoCrFeNiMn ~0.071 0.071~0.213 0.213~ 
CoCrFeNiAl0.1 ~0.076 0.076~0.121 0.121~ 





Table 4 Measured peak positions and calculated SF probability (α) values by X-ray 
diffractions 
 2(𝜃200 − 𝜃111) 
 
 As-annealed As-deformed k α × 10−3 1/α 
CoCrFeNi 7.170 7.002 5.357 31.36 32 (31.89) 
CoCrFeNiAl0.1 7.125 6.997 5.347 23.94 42 (41.77) 
CoCrFeNiMn 7.040 6.920 5.313 22.59 44 (44.27) 
CoCrFeNiMnAl0.1 7.050 6.935 5.300 21.70 46 (46.08) 
 
 
Table 5 Metallic radii [16] and Young’s modulus of the constituent elements. 
Element Cr Fe Co Ni Mn Al 
Metallic Radii (pm) 128.2 127.4 125.2 124.6 126.4 143.2 
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Chapter 7 Conclusions 
To date, there are a number of high entropy alloys that exhibit very interesting properties, 
such as high strain hardening capabilities, high fracture toughness and high phase stability 
in HEAs having an FCC crystal structure. The detailed mechanisms associated with these 
interesting properties are not well documented so far. Despite many more HEAs exhibit 
strong phase separations that may possibly may not considered as “high entropy”, these 
multicomponent alloys may enlighten us to design a wide range of new materials whose 
composition fall in the middle range of a phase diagram. In this thesis, the phase formation 
rules in CoCrCuFeNiAlx system as well as deformation behaviors of HEAs with single 
phase FCC crystal structure is investigated, the conclusions are drawn and presented below: 
 
Chapter 2: We observed nano-scale phase separation in a nominal single-phase high 
entropy alloy, which was characterized using scanning transmission electron 
microscopy (STEM) combined with atom probe tomography (APT). Despite the fact 
that X-ray diffraction exhibits a single face-centered-cubic (FCC) phase feature of the 
as-cast alloy prepared by melting spinning, selected area electron diffraction reveals 
weak L12 ordering in the as-spun alloy. High resolution STEM shows the presence of 
two coherent nanophases with distinct L12 and FCC structures, coupling with 
composition segregations. The ordering of the L12 domains is enhanced by annealing at 
500 ºC. Chemical analyses by electron energy loss spectroscopy and APT reveal that 
the L12 nano-phase is enriched with Fe, Co, Cr and Ni while the FCC domains are a 
Cu-rich phase.  
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Chapter 3: Phase stability of CoCrCuFeNiAlx (x=0.5, 0.8 and 1.0 by atomic portion) 
high entropy alloys (HEAs) produced by melt-spinning with different cooling rates has 
been evaluated by X-ray and transmission electron diffractions as well as by 
Cs-corrected high resolution scanning transmission electron microscopy combined with 
elemental EDX mappings. It is found that entropy appears to stabilize high temperature 
solid solution phase in HEAs with a slight Al addition, due to the increased magnitude 
by scaling temperature and entropy that reduces the Gibbs free energy. On the other 
hand, increasing Al contents destabilize the solid solution phase at high temperatures 
and promote the formation of intermetallic compound phases (L12, B2 and σ phases), 
leading to a strong phase separation. The observed phase numbers can reach as high as 
seven in the six-component alloy that has the highest Al addition, indicate entropy 
effect is weak in suppressing the formation of intermetallic phases that are dominated 
by large negative mixing enthalpy. The observed phases can be well understood by 
binary and ternary phase diagrams. 
 
Chapter 4: Dislocation structure of a plastically deformed CoCrFeNiAl0.1 high entropy 
alloy was investigated by Cs-corrected scanning transmission electron microscopy. 
Visualization of dislocation cores reveals dissociated dislocations together with various 
dislocation reactions. The stacking fault energy of the alloy was estimated by 
measuring the core width of extended dislocations in conjunction with anisotropic 
elasticity theory. The high entropy alloy has a medium stack fault energy ~50±27 
mJ/m
2
 and dissociated dislocation cores, leading to planar slip and significant work 
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hardening by the formation of immobile dislocation lock junctions. 
 
Chapter 5: Deformation behaviors of a CoCrFeNiAl0.1 high entropy alloy (HEA) with 
nanometer to micrometer sized grains has been investigated by high resolution electron 
back scatter diffraction (EBSD) as well as scanning transmission electron microscopy 
(STEM). It is found that the coarse-grain (CG) HEA deform by deformation twins with 
increasing strains at an average engineering strain rate of 0.005 S
-1
, which significantly 
enhance the strain hardening rate as well as ductility. In contrast, the ultrafine and fine 
grain (UFG and FG) deform exclusively by dislocations. The Hall-Petch relationship 
and calculated critical shear stress value from Hall-Petch coefficient suggest that grain 
boundary strengthening in the current HEA is very effective than many face-centered 
cubic (FCC) metals. The observed grain size effect on deformation behaviors are very 
similar to those observed in low SFE FCC metals, suggest that the current HEA may 
has a low to medium SFE. The CG HEA exhibit high strain hardening capability and 
thereby offers high fracture toughness at room temperature.  
 
Chapter 6: Tensile tests on two groups of high entropy alloys (CoCrFeNi and 
CoCrFeNiAl0.1; CoCrFeMnNi and CoCrFeMnNiAl0.1) were performed at an average 
engineering rate of 0.005 s
-1
, it is found that addition of Al to the base HEAs 
(CoCrFeNi, CoCrFeMnNi) reduce 0.2 % offset yield strength and Young’s modulus, 
due to its large atomic size and low Young’s modulus compared to the rest constituent 
elements. A typical three-stage of hardening together with an enhanced strain hardening 
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is observed in the four HEAs, which is contributed by mechanical twinning confirmed 
by high resolution electron backscatter diffractions as well as by (scanning) 
transmission electron microscopy. In contrast to increased strain hardening rates at 
stage B in Al-containing HEAs, the Al-free base HEAs exhibit plateau regions at stage 
B together with a high magnitude in strain hardening rates. The significant difference is 
attributed to increased stacking fault energy by Al addition. Weak beam dark field 
imaging of separated partial dislocations as well as estimation of stacking fault 
probability by X-ray diffractions suggest that all the HEAs have low to medium SFEs 
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